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ABSTRACT
Nb3Al base alloys were produced in ingot or ribbon form using cold hearth non­
consumable tungsten arc melting and chill block casting by melt overflow on a Mo 
wheel. The following alloys were studied: Nb-25A1, Nb-18A1, Nb-18Al-xMo 
(x=20,30,40) and Nb-18Al-9Cr-5Ti (at%). Low levels of interstitials (<  200 wppm 
0 2, < 10 wppm H 2) were achieved in all alloys. The effects of alloy chemistry and 
method of solidification processing on phase selection, solidification 
microstructures and solid state phase transformations were studied. Room 
tem perature microhardness and hardness of the alloys were evaluated.
The A2 structure (disordered p Nbss) transformed to the B2 structure (ordered 
P Nbss) by solid state transformation in the Nb-18A1 and Nb-18Al-xMo 
(x=20,30,40) alloys. The experimental results showed that A1 promoted A2-*B2 
ordering in Nb rich binary Nb-Al alloys and confirmed the predictions of 
thermodynamic modelling of A2-*B2 ordering in the Nb-Al system. Mo addition 
inhibited the A2-+B2 ordering whereas C r+Ti additions favoured ordering.
Formation of an o-phase was observed for the first time in the binary Nb-Al 
system after prolonged annealing of the Nb-18A1 ribbons (973 K / 500 h). It is 
suggested that the o-phase forms as a transition phase in the transformation 
B2-0-+A15. While o-phase formation has been reported in alloys of the Nb-Al-Ti 
system, it is shown that Mo addition does not favour the o-phase in Nb-18Al-xMo 
alloys (x=20,30,40).
Formation of <o diffuse in the p phase supports a previous hypothesis that addition 
of A1 to transition metal elements such as Nb,Mo, V can enhance formation of the 
<o phase in the p phase. Mo addition in the Nb-Al solid solution increases the 
electron density of A2 or B2 phases and consequently the deviation | A | of the <o 
diffuse from crystalline (0 .
A new ternary <o type phase, <o*, was formed as a transition phase in the B2-A15 
transformation in heat treated Nb-18Al-xMo (x=20,30,40) alloys (973 K /  500 h). 
The orientation relationship of <o* is [T ll]B2 //[0 0 0 1 ]ul* and (HO)B2 //(OlTO)u* and the 
lattice parameters are aw* = 6 1 /2 a B 2  and cw* = 31 /2 aB2.
Rapid solidification refined the alloy microstructures by two orders of magnitude. 
The room temperature solid solubility of A1 in Nb was extended from 6  at% to 
25 at% Al. In Nb-18Al-9Cr-5Ti up to 5at% Ti+8.4at% Cr were retained in solid 
solution. Suppression of Nb3Al and Nb2Al formation was achieved in the ribbons 
of Nb-25A1. Nb3Al formation was suppressed in the ribbons of Nb-18A1, Nb-18A1~ 
xMo (x=20,30,40) and Nb-18Al-9Cr-5Ti. The A2-B2 ordering was suppressed in 
the ribbons of all Nb-18Al-xMo alloys and in the as cast ingots of Nb-18Al-40Mo.
Aluminium additions in Nbss increased its microhardness by 16.6 kgmm"2 /at%Al 
and Mo addition hardened the Nbss (16.1at%Al) by 4.2 kgmm'2 /at%Mo.
Regarding the oxidation behaviour, the Nb-18Al-20Mo and Nb-18Al-9Cr-5Ti alloys 
exhibited lower weight gain rates as compared to Nb3 Al. No protective scale was 
formed on any of the alloys studied in this work.
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INTRODUCTION
Alloys based on Nb were extensively explored in the 1950s and 1960s as candidate 
materials for applications in aerospace structures, in the engines of spacecraft 
and various military applications. While attractive in terms of strength, density 
and melting temperature a major obstacle in the use of Nb alloys has been their 
catastrophic behaviour in oxidising environments. Efforts to improve their 
environmental resistance through modifications of alloy chemistry produced some 
marginal improvements which unfortunately were accompanied by degradation in 
other properties and the significant loss of high temperature capability.
In recent years attention has been focused on materials based on ordered 
intermetallic compounds of Nb to explore the potential of meeting the high 
tem perature requirements of advanced turbine engines with properties such as 
high melting temperature, high stiffness, low density and good high tem perature 
strength/creep resistance. The A15 compound Nb3Al has been examined for its 
potential as a high temperature structural material. Microstructure and 
mechanical behaviour of single-phase, two phase Nb3 Al-Nb and ternary Nb3AlX 
alloys have been studied. In the latter alloys the effects of Ti additions were 
studied in parallel with research programmes exploring the possibilities offered by 
Ti-Al-Nb aluminides. Metastable phases resulting from non equilibrium 
solidification processing and solid state quenching have also been characterised 
in the binary and ternary alloys. These studies have highlighted the possibility of 
exploring phase transformations involving metastable structures as an opportunity 
to modify and improve the mechanical properties of Nb3Al based materials at low 
and elevated temperatures.
This work is part of a wider research programme on the development of 
intermetallic alloys of refractory metals, the so-called "exotic" intermetallics. The
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objectives of the research described in this thesis were:
1 . Production of binary and higher order Nb-Al alloys based on Nb3Al using clean 
melting and casting based on the cold hearth melting principle and keeping low 
the level of interstitials.
2. Study and evaluation of the effects of alloy chemistry and of equilibrium and 
non equilibrium solidification processing on phase selection, solidification 
microstructures, and phase transformations in heat treated alloys with particular 
emphasis on the formation and stability of metastable phases.
The strategy adopted for realising the above objectives included:
1. The design of alloys with solute additions to explore phase transformations 
involving the ordered or disordered niobium solid solution.
2. The use of rapid solidification processing by chill block melt overflow casting 
of ribbons to explore the microstructures of alloys developed over a range of 
cooling rates which extend those achieved in cold hearth melting and casting up 
to 1 0 6K / s .
3. The use of a range of experimental techniques to evaluate the microstructure 
and properties of the different intennetallic alloys.
As part of the above strategy equilibrium and non-equilibrium processed binary 
Nb-xAl alloys were re-examined giving particular emphasis to the A2-+B2 ordering 
transformation and exploring: (i) the predicted formation of the omega phase in 
the A 2  or B 2  solid solution and (ii) the possibility of o-phase formation which had 
been confirmed in Nb-15Al-xTi alloys. It was also decided that once 
metastable/transition phases were found in the alloys, research effort will be 
dedicated to characterise such phases and study their stability at different heat 
treatments.
Because of the importance of the environmental properties of "exotic" 
intermetallics for their application at high temperatures emphasis was given to 
selecting alloying additions that were expected to be beneficial to the oxidation
- ix -
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behaviour of Nb3 Al. Realising the importance of oxidation for Nb alloys, and in 
keeping with the philosophy of the wider research programme on exotic 
intermetallics, it was decided to proceed with some preliminary evaluation of their 
oxidation behaviour even though this was not at the heart of this thesis. 
Experimental techniques were selected that complement each other in the 
evaluation of microstructure and properties. These included optical microscopy, 
SEM, XRD, EPMA, TEM, DSC/TGA, room temperature microhardness and 
hardness.
The thesis begins with a brief review of the literature on intermetallics and rapid 
solidification in chapters 1 and 2 . Previous work on the processing, microstructure 
and properties of (Nb,Al)ss and Nb3Al is reviewed in chapter 3. The selection of 
alloys and the experimental techniques used in this thesis are described in chapter
4. Chapter 5 presents the experimental results in terms of the processing of the 
alloys, their microstructural characterisation, oxidation and hardness evaluation. 
The discussion of the experimental results is presented in chapter 6 . The major 
conclusions of the research presented in this thesis and suggestions for future work 
are given in chapter 7.
- x -
CHAPTER 1
INTERMETALLICS
1.1. INTRODUCTION
The intermetallic compounds may be defined as phases or compounds between 
metallic atoms with either well defined integral atomic ratios or having a limited 
range of possible compositions [Khan et al. 1990]. This definition can be relaxed 
where useful to include certain metal-metalloid compounds such as the silicides 
and the germanides [Koch 1988].
The intermetallic compounds possess a crystallographic structure with long range 
order (LRO) which may either remain ordered to the melting point or may 
disorder at a lower characteristic temperature. Ordering of intermetallic phases 
is caused by the greater strength of the A-B bonds than the A-A and B-B bonds 
that they replace on ordering. Thus unlike atoms are favoured over like ones as 
nearest neighbours. If the ordering energy is low, as for the Ni3Fe intermetallic, 
then as the temperature increases, entropy dominates and the lattice becomes 
disordered. For other pairs of metals, such as Ni and Al, the ordering energy is 
so high that the ordered L l 2  structure of Ni3Al is retained up to melting (Fleischer 
and Taub, 1989). Deviations from stoichiometry may have a profound effect on 
the mechanical properties (e.g. Ni3 Al). It should also be noted that defects in 
LRO, antiphase boundaries and domains also play an important role leading to
- 1 -
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anomalous properties, such as the increase in yield strength with increasing 
tem perature that has been observed in a number of intermetallics [Khan et al. 
1990].
The intermetallics offer special opportunities for unusual combination of lightness 
and high temperature strength and/or stiffness. They usually have greater stiffness 
than the metals from which they are formed. For example the Ti3Sn compound 
has a Young’s modulus of 190 GPa as compared to 115 GPa and 48 GPa for 
titanium and tin respectively. They are more capable of maintaining their strength 
better with increasing temperature than are disordered alloys. The best known 
example is Ni3Al which exhibits a positive variation of flow stress with 
temperature, as shown in figure 1.1. Many of the intermetallic materials show 
both a high yield strength and a high modulus along with a high melting point and 
a low density. Their high specific stiffness and specific strength are attractive 
properties when compared other metallic materials. The work hardening rate of 
some of these ordered alloys is also quite high compared to those of disordered 
alloys.
The problems encountered with the intermetallic compounds should, however, not 
be underestimated. In particular, the lack of room temperature ductility and low 
fracture toughness constitute a serious but not an unsurmountable barrier to their 
successful use. Although exceptions exist, the vast majority of intermetallics are 
easily fractured at low temperatures. According to Fleischer and Taub (1989), the 
three major origins of fracture are high flow stress relative to cleavage stress, 
inadequate active slip systems and grain boundary weakness. Some materials will 
exhibit brittle behaviour in all orientations, indicating that the flow stress is higher 
than the fracture stress on all the available slip planes. In some cases, the single 
crystal is ductile in only special orientations. This behaviour suggests that too few 
independent slip systems are available, so that the ductility of polycrystalline 
material is limited. Finally some compounds are ductile as single crystals in all 
orientations but brittle when prepared in polycrystalline form. This is often
- 2 -
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associated with fracture at the grain boundaries.
It is envisaged that the good toughness of some metals and the higher strength 
that results from the tighter bond of intermetallics can be combined in some high 
tem perature intermetallics.
TEMPERATURE( K)
Figure 1.1: Yield stress of the ordered intermetallic compound Ni3Al compared 
to a random solid solution of 30% Cu in Ni. The increasing yield stress from 77 IC 
to >873 K is an unusual and desirable feature for high temperature use [Fleischer 
and Taub, 1989].
1.2. ADVANCED INTERMETALLIC MATERIALS
For more than twenty years the ambition of achieving structural alloys from 
intermetallic compounds has heavily influenced the nature of research on 
advanced high temperature alloys. Many of the intermetallic compounds exhibit 
a balance of thermophysical properties and some structural or mechanical 
properties which make them likely candidates for such applications. Success in 
developing an aerospace materials technology around the titanium aluminides has 
been one major motivation in continuing this research. However, even these 
materials are not very well established and will require several more years before
- 3 -
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widespread use may be realised.
In a recent overview Dimiduk et al. (1993) considered as advanced intermetallic 
materials, the metallic systems intended to support engineering stresses at service 
temperatures over 1273 K. The temperature capabilities of some intermetallics 
with various crystal structures are shown in figure 1 . 2  and they are compared to 
the Ni-base and Nb alloys.
After an extensive literature survey and based on some pertinent selection criteria, 
such as melting point, high-symmetry structure, strength-to-density ratio, 
compositional range, thermal stability, cost and environmental considerations, 
Anton et al.(1989) proposed a list of potentially useful compounds shown in 
table 1.1. In many instances, one or more of these criteria are violated to allow 
inclusion of a compound which was considered to be particularly interesting. This 
list provides an indication about the compounds on which further work can be 
pursued.
1.3. ALLOY DEVELOPMENT STRATEGIES
An observation which spawned one aspect of research on advanced intermetallic 
materials came in part from the physical metallurgy of steels. One may view these 
alloys as a model system in which an "intermetallic" having a complex crystal 
structure, cementite, forms a substantial constituent of a metallic system exhibiting 
both strength and damage tolerance. This particular observation suggested that 
intermetallics may behave differently if the local stress state can be controlled via 
microstructure modification, and that very high-temperature eutectic and eutectoid 
systems should be explored.
Early in the effort to develop advanced intermetallic materials, researchers 
observed that one can engineer flaw tolerance or toughness into ceramic materials
- 4 _
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3,000
(Laves) (Sigma) (oc-Mn)
Alloy System
Figure 1.2: A representation of the temperature capabilities of intermetallic 
compounds with various types of crystal structures [Anton et al., 1989].
Table 1.1: Classification of high temperature intermetallic compounds [Anton et 
al., 1989].
C rystal M elting D en sity
Stoichiom etry S tructure Group Name Exam ple P oin t (°C) (g/cm 3)
A,B LI, NijAl 1,397 7.41
(Geometrically Pt3Al 1,556 17.47
DO,, Close Packed) Ti,Sn 1,670 5.29
d o 22 Ni3Ta 1,547 11.8
AljNb 1,607 4.52
Al3Ta 1,550 6.9
A15 NbjAl 1,960 7.29
Mo.Si 2,025 8.97
VjSi 1,925 6.47
Cr5S, 1,770 6.46
A12 a-Mn ResNb 2,700 17.6
A,B C l Silicides CoSi2 1,326 4.98
C il MoSi2 2,030 6.31
C14 Laves Phases Cr2Hf 1,870 10.24
Cr2Nb 1,720 7.68
C15 (Topologically WjHf 2,512 —
Close Packed) Co2Nb 1,520 9.0
COjZr 1,560 8.23
Fe2Zr 1,645 7.69
C36 Mo2Hf 2,170 11.4
D8b Sigma Phases Nb2Al 1,871 6.87
AA D8 MOjSi, 2,180 8.2
d 8; TisSi3 2,130 4.38
a 7b6 D85 Mu Phases Nb6Fe. 1,620 _
W6Co. 1,689 _
AB B2 NiAl ' 1,640 5.88
CoHf 1,640 12.5
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without ever achieving crystal plasticity or ductility. Low ductility may exist for 
many reasons in any material. However, even if the causes for brittleness could 
not be circumvented through process or composition control, the realisation that 
composite engineering concepts could be employed to achieve damage tolerance 
offered a new approach for intermetallic systems. On th is basis, systems in the 
current alloy development strategies have been categorised by Dimiduk et 
al.(1993) in four basic groups:
(i) Ductile Systems
(ii) Brittle-Brittle Systems
(iii) Ductile-Brittle Systems
(iv) Brittle-Ductile Systems
1.3.1. Ductile Systems
This group includes the advanced refractory metal beta-phase compositions based 
on the Nb-Ti-Al system. These systems [e.g. Nb-(35-60)at%Ti-(7-15)at%Al] offer 
a composition base from which a new class of refractory metal ordered alloys 
could emerge and a near-term competition to at least one class of superalloys 
(high temperature low-strength sheet alloys). However, fibre reinforced 
superalloys and glass-ceramic composites could also compete with these alloys.
1.3.2. Brittle-Brittle Systems
The development approach used in this group of intermetallic alloys is similar to 
the toughening approaches being developed for ceramic composites. However, 
unlike the ceramic matrix systems, the intermetallic matrix systems potentially 
offer higher thermal conductivity and simplified metal-like processing. An 
intermetallic matrix which has received enough effort is MoSi2  with ceramic
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particulate and/or fibre reinforcements of SiC, A12 0 3  and Z r0 2.
1.3.3. Ductile-Brittle Systems
This group is represented by alloy development approaches where a ductile 
metallic matrix is reinforced with brittle particles or fibres (e.g. Ti-48Al-2Nb- 
2Mn / SiC fibres). This includes dispersion hardened systems.
1.3.4. Brittle-Ductile Systems
The typical material in this group is a ductile-phase toughened system based on 
an intermetallic and a refractory metal beta-phase (ordered or disordered) alloy 
(e.g. Nb/Nb 3 Al, Nb/Nb5 Si3, Nb/Cr2 Nb). The alloys falling within this category 
represent one of a potentially revolutionary classes of materials which are 
receiving evaluation for service at temperatures exceeding 1673 K. A  number of 
potentially viable systems exist in this class and to some extent, the research is 
being hindered by a lack of suitable phase equilibria data for quaternary and 
higher order refractory-metal based systems. Two general subdivisions of the 
development approach exist in this group.
One approach is to identify composition classes, based on known phase 
relationships and transformation paths, which will lead to microstructures based 
on "natural" composites. These systems present significant flexibility in tailoring 
mechanical properties and are generally amenable to conventional alloy processing 
methods. Examples of this approach are the many high temperature eutectic and 
peritectic systems existing between intermetallic phases and refractory metal solid 
solutions. The system composing of Nb3Al intermetallic compound and its 
adjacent Nb solid solution, which is studied in this work, falls within this category.
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Alternatively, research has been devoted to synthetic or engineered composites. 
These efforts seek to build from a selected, relatively oxidation-resistant base 
material, then to pursue measures to improve the structural performance or 
balance of structural properties for the system. An example involves the efforts 
undertaken for improving the mechanical properties of MoSi2  alloys containing 
ductile reinforcements of Nb, W, Mo or Ta. These systems are thermodynamically 
unstable and therefore significant complexity in both processing and composition 
selection is introduced by the need to develop kinetic barriers to the reaction 
occurring between the constituents. Also, thermal expansion coefficients should 
not be too dissimilar between the selected phases.
CHAPTER 2
RAPID SOLIDIFICATION
2.1. INTRODUCTION
Rapid solidification (RS) has received enormous attention as a non-equilibrium 
processing method because of its potential for synthesizing new or improved 
materials. RS processing has been used together with equilibrium solidification 
processing in this work. Below basic aspects of RS are briefly reviewed.
Rapid solidification is often associated with cooling rates in excess of 103  Ks'1, 
compared to cooling rates of a few Ks ' 1  in commercial sized ingots. Although the 
cooling rate is a useful parameter, mainly from the processing point of view, the 
solidification rate is a more fundamental concept involving actual interfacial 
behaviour including local solute diffusion and interfacial kinetic processes. 
Furthermore, the significance of the role of undercooling has become apparent 
with the realisation that metastable phases can form during slow cooling. So, it 
is possible to achieve the beneficial effect of RS through high initial undercooling 
prior to solidification without any external high cooling rates. In fact the essential 
feature of RS is a sufficiently large undercooling associated with the solidification 
process to guarantee the rapid advancement of the solid/liquid interface.
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2.2. EFFECTS OF RAPID SOLIDIFICATION
Jones (1990) classified the effects of RS on the microstructure of materials into 
two categories. In the constitutional effects, the constitutional change which 
includes extension of solid solubility and formation of non-equilibrium phases is 
highly system specific and is associated with the large departures from equilibrium 
that can result from the large undercooling applicable at the rapidly advancing 
front. The microstructural effects, which refer to the refinement and 
remorphologisation of the microstructure are less system specific and result from 
the short diffusion distances and formation times.
2.2.1. Constitutional Effects
Rapid solidification processing of materials results in large departure from 
equilibrium constitutions which includes production of metastable phases, 
formation of amorphous (noncrystalline) phases and substantial extension of solid 
solubility.
In general non-equilibrium crystalline phases occurring in RS alloys are 
intermediate rather than terminal, they have ordered or disordered arrangements 
and they can be related to some iso-structural equilibrium phase. Alloy systems 
exhibiting few intermetallic phases with terminal phases of limited solid solubility 
and requiring high critical cooling rates to form glasses are most likely to form 
non-equilibrium crystalline phases.
Amorphous phases are noncrystalline phases which are characterised by a 
complete lack of long range crystallographic order. In other words, there is no 
regularity in relative atomic position (no structural periodicity) beyond a distance
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of a few atomic or molecular diameters. Formation of these phases is associated 
with large melting point depression to one or more eutectics and with composition 
ranges of low melting point near one or more eutectics.
Non-equilibrium solid solubility extension can be attained up to a certain extent, 
depending on alloy composition as well as the cooling rate. Extensive solid 
solubility is allowed by the Hume-Rothery rules provided that the constituents do 
not differ in atomic size by more than 15 percent and are not too different in 
electronegativity or valence. However, complete extension of solid solubility 
between terminal phases with the same crystal structure and partial extension 
beyond eutectic compositions have been observed repeatedly by rapid 
solidification even when Hume-Rothery criteria are substantially exceeded.
There are at least three basic criteria that have to be satisfied to achieve 
microsegregation-free microstructure. The thermodynamic criterion is often 
defined in terms of a composition-dependent temperature T0, which, for a 
particular composition CL of the alloy, is the temperature at which solid and liquid 
have the same free energy. At this temperature T 0  the liquid will freeze into solid 
of the same composition. This leads to solidification without any solute 
segregation, i.e. to a microsegregation-free structure. The morphological criterion 
determines the S/L (solid/liquid) interface velocity above which the S/L interface 
is stable towards perturbations. For dilute alloys, both very slow and very fast S/L 
interface velocities can lead to planar solidification. At low velocities 
(constitutional undercooling) there is only equilibrium segregation, while at high 
velocities exceeding absolute stability (e.g. 0.1-1 m/s for dilute Al-Cu) there is a 
microsegregation free microstructure. According to the heat flow criterion, even 
if a microsegregation free structure is achieved following one or the other of the 
preceding criteria, the solute will be released to segregate after all, if the 
undercooling is not large enough to prevent recalescence to the liquidus 
temperature. For this to happen the amount of undercooling that is needed 
should be AT>L/c, where L and c are the latent heat of solidification and the
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specific heat of the liquid respectively.
2.2.2. Microstructural Effects
Rapid solidification microstructuresexhibit on a refined scale the usual features of 
grain, dendritic and eutectic solidification but subject to the constraints imposed 
by the constitutional changes. The metastability of the RS microstructuresmakes 
it also vulnerable to solid-state decomposition following solidification either during 
solid state cooling or during ageing at room temperature.
Grain size, dendrite spacing and eutectic interphase separation all decrease with 
increasing cooling rate or S/L front velocity according to power relationships 
derived theoretically and observed experimentally. Such relationships are 
frequently employed to estimate operative cooling rates or heat transfer 
coefficients from observed dendrite or eutectic spacings.
Lattice defects generated include additional excess vacancies that either collapse 
into dislocation loops or associate with solute atoms. High volume densities of 
planar defects (stacking faults or twinning) can also result in rapidly solidified 
alloys.
2.3. PROCESSING METHODS OF RAPID SOLIDIFICATION
Processing technology associated with rapid solidification necessarily involves a 
primary stage of generating and quenching the melt and, when necessary, a 
secondary stage of consolidating or otherwise turning the product to a useful form. 
The first stage involves rapidly generating a sufficiently thin section of melt in 
good contact with an effective heat sink, which may be a surrounding fluid or a
- 12-
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chill surface. The maximum contact area between the melt and the cooling 
medium may be effected by either altering the shape of the melt during 
processing, or by physically segmenting the initial charge by various means.
Numerous processing methods have been developed to achieve fragmentation of 
the melt, which is the essential requirement for rapid solidification. Examples 
include splat quenching melt spinning, surface melting and quenching, melt 
atomization and solidification and deposition by sputtering and evaporation.
Rapid solidification production methods have been classified into three categories 
by Jones (1982) : (1) spray methods, (2) chill methods and (3) weld methods.
Spray methods involve fragmentation of melt into fine droplets prior to 
quenching. Fragmentation of a molten charge is most commonly achieved by 
direct impingement with a jet of another fluid such as pressurized gas, steam or 
water, or by direct rotation. Whereas spray methods basically involve destabilizing 
a stream or other source of melt to form spray droplets, chill methods require 
stabilization of the melt source before it can break up. These methods involve 
injecting the melt into a die cavity, or forming a thin section by forging the melt 
between chill surfaces, or extruding the melt on a chill surface, or extraction of 
melt by contact with a rotating wheel. Weld methods involve rapid melting and 
solidification of a limited depth at the surface of a more substantial thickness of 
material acting as the heat sink. So melting as well as solidification occur in situ 
at the chill surface providing perfect contact between melt and chill.
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CHAPTER 3
PROCESS - MICROSTRUCTURE 
PROPERTIES 
OF (Nb,Al)ss AND Nb3AI
3.1. INTRODUCTION
High melting point intermetallic compounds for aerospace applications should 
have low density, a high symmetry crystal structure and a high tolerance to 
deviations from stoichiometry. The compound Nb3 Al, having a melting point of 
~2060 °C (2333 K), satisfies the high melting point criterion as it has already been 
shown in section 1.2. It exhibits the cubic p-W structure (A15 in the 
structurbericht notation) and its density is ~7300 kgm'3. It has a range of 
composition (non-line compound), offers a broad potential for alloying and 
provides the opportunity to develop ductile-phase toughened in situ composites.
Nb3Al is also of interest because it exhibits a superconducting transition above 
liquid helium temperatures (18 K) and could be used for zero-resistance power 
transmission as it has a high critical current (Hasegawa et al. 1993).
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3.2. THE Nb-Al SYSTEM
Among the alloys currently being considered to replace superalloys in high 
temperature applications, some of the most promising are the intermetallic 
compounds in the Nb-Al system. There is a distinct processing consideration 
which leads to increased interest in this system. The compounds of the Nb-Al 
system represent the highest melting temperature alloys that can be processed 
using current superalloy melting techniques, such as the various vacuum and 
hearth melting techniques [Barth et al., 1992],
A systematic study of the Nb-Al phase diagram was first carried out by Lundin 
and Yamamoto (1966) using metallographic, X-ray diffraction, hardness and 
thermal- analysis techniques. According to this study the maximum solubility of 
Al in Nb is 23.0 ±  0.5 at% at 2233 ± 1 0  K and Nb3Al is formed from the Nb 
solid solution and the liquid by the peritectic reaction Nbss + liquid ** Nb0  7 5 Al0  2 5  
at 2233 ±  10 K.
Jorda et al. (1980), based on the fact that previously published phase diagrams of 
the Nb-Al system were quantitatively contradictory in the Nb rich-region, 
presented a revised phase diagram using X-ray diffraction, metallographic 
techniques, superconducting property measurements, differential thermal analysis 
(DTA), levitation thermal analysis (LTA) and simultaneous stepwise heating 
(SSH). According to this study the Nb bcc solid solution extends up to 21.5 at% 
Al at the peritectic tem perature of 2333 ±  10 K and Nb3Al is formed by the 
peritectic reaction Nbss +  liquid * Nb 0  7 7 5 A10 2 2 5  2333 ±  10 K.
There are discrepancies in the compositions of the Nb 3 A l+N b2Al / Nb3Al / 
Nb3 Al+Nbss /  Nbss phase boundaries (see also table 3.1). These contradictions 
are due difficulties in obtaining precise information at temperatures above 
1900 °C (2173 K) together with uncertainties in the determination of the
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aluminium content after significant melting losses [Jorda et al. 1980].
The currently accepted Nb-Al binary phase diagram is shown in figure 3.1. The 
published investigations on the Nb-Al phase diagram have shown that there are 
three intermediate phases, NbAl3, Nb2Al and Nb3 Al, in this system. According 
to the phase diagram in figure 3.1, the melting point of Nb3Al is 2333 ±  10 K. 
The Nb-Al solid solution overlaps the intermetallic at high temperatures.
Weight P e r c e n t  A lu m in u m
Figure 3.1 : The Nb-Al binary phase diagram [Kattner 1990].
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Table 3 .1 : Phase boundaries of Nbss and Nb3Al at high temperatures.
Reference
Temperature Solubility of 
Al in Nb 
at% Al
Nb3 Al phase 
boundaries 
at% Al(K) (°C)
2233±10 1960± 10 23.0 ±  0.5
Lundin 1873 1600 15 2 0 -2 5
& Yamamoto 
1966
1473 1 2 0 0 1 0 17.5 - 22
1273 1 0 0 0 9.6 17.5 -'22
RT RT 8 . 0 17.5 - 22
Jorda 
et al.
2333±10 2060± 1 0 21.5
1873 1600 12.5 19 - 22.5
1980 1473 1 2 0 0 1 0 1 9 -2 2
1273 1 0 0 0 9 18.5 - 21.5
2333 ±10 2060±10 21.5
K attner 1873 1600 1 2 1 9 -2 3
1990
1473 1 2 0 0 8.5 17.5 - 22
1273 1 0 0 0 7.5 17.5 - 21.5
Menon et al. 
(1992)
1923 1650 1 1 2 0 f
1473 1 2 0 0 7 -
1273 1 0 0 0 5 2 0 f
Suyama et al. 
1993
1873 1600 -
2 1 -2 3
Abe et al. 
1995
1873 1600 -
2 0 -2 3
RT : Room Temperature
t  only the lower Al phase boundary was reported
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3.2.1. The crystal structure of N b ^
Nb3Al has the A15 crystal structure. As shown in figure 3.2 the A15 cubic 
structure with Nb3Al stoichiometry consists of orthogonal chains of Nb atoms 
along <100> directions crisscrossing the b.c.c. arrangement of A1 atoms. A15 
is the simplest of the topologically closed packed (TCP) structures and, though 
not obvious, the chains of Nb atoms penetrate normal through planar 
hexagonal nets of atoms rotated alternately by 90°. The short distance between 
the Nb atoms along the chain suggests strong directional bonding but the 
stacking of hexagonal nets suggests packing considerations may be the 
dominating factor. An important consequence of the TCP structure is the 
absence of large octahedral interstices. In a high tem perature environment, 
this may lead to lower solubility for interstitial elements such as carbon, 
nitrogen and oxygen, compared with that in the b.c.c. structure of refractory 
metals. However there are no systematic empirical data to confirm this [Shah 
and Anton 1992].
Figure 3.2 : The A15 crystal structure of Nb3Al
Among the refractory intermetallics, the A15 is a very commonly occurring 
cubic crystal structure. Though somewhat complex, the cubic symmetry of the 
A15 structure, with its inherent isotropic thermal expansion, is an asset in cyclic
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thermal environments. O f the high melting [1600°C (1873 K)] binary 
intermetallics formed among some 30 non-precious metals, approximately one 
fifth are A15 compounds. This reflects a broad potential for alloying. In 
addition, these compounds are adjacent phases to refractory metal solid 
solutions, providing a window of opportunity to develop ductile phase 
toughened in situ composites. A  balanced combination of these factors is 
crucial to achieve the desirable engineering properties.
3.2.2. The B2 Ordering Phenomenon
3.2.2.I. The B2 structure
The B2 structure can be viewed as an ordered bcc (A2) structure with two 
sublattices of a  and p, as shown in figure 3.3. Therefore it implies a 
stoichiometry of A 5 0 B5 0  and is generally found in binary alloys with composition 
close to this stoichiometry, such as NiAl, FeAl, CuZn and CoAl. However, as 
it is shown in the following section (section 3.2.2.2), B2 ordering has been 
observed in (Nb, Al) solid solutions with compositions far-off the A ^B ^  
stoichiometry (Aindow et al., 1991, Marieb et al., 1991, Kohmoto et al., 1993, 
Smith et al., 1993, Yang and Vasudevan 1993]. Consequently, the site 
occupancy of these compounds will be different to that of stoichiometrical B2 
compounds, where each sublattice site is taken by one type of atom.
For alloys with compositions of A 5 0 B5 0  exhibiting the A2 structure, the site 
occupancies on oc-sites and p-sites should be the same (CaA= CPA= 0.5, the site 
occupancy CaA is defined as the fraction of a-lattice site occupied by atoms A). 
Preferential site selection will occur while the A2 structure transforms to B2 
structure, such that the site occupancy on the a-site will be different than that 
on the p~site. Similarly, the B2 ordering can also occur in a ternary alloy 
( A ^ Q )  provided that CQA9tCpA or or C^q+CPq. Thus the essential
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requirement for B2 ordering is the site occupancy difference between the a - 
sites and p-sites. Furthermore, the site occupancy on each sublattice site can 
also be treated as the "composition" of that sublattice site. If the 
"compositions" of the a  sublattice (C°) and the p sublattice (C*3) are different, 
the alloy is said to have the B2 structure.
Figure 3 3  : Schematic drawing showing the A2 (disordered) and B2 (ordered) 
structure. C° and are the site occupancies (sublattice compositions).
33.2.2. B2 ordering of Nb solid solution (Nbss) in Nb-AI system
The A15 Nb3Al phase in the Nb-Al system is formed by a peritectic reaction 
between Al-rich liquid and an A2 (bcc) solid solution of Al in Nb at 2060 °C (2333 
K). Whilst A2 and A15 are the only structures of the equilibrium phases for 
alloys with less than 25 at% Al, several authors have noted the presence of B2 
ordering in Nb solid solutions [Aindow et al., 1991, Marieb et al., 1991, Kohmoto 
et al., 1993, Smith et al., 1993, Yang and Vasudevan 1993]. Most of these 
observations concern the composition Nb~18 at% Al which is close to the lower 
bound of the A15 phase field on the phase diagram under ambient conditions. 
A mixture of phases with B2 and A15 structures has been observed in as cast Nb- 
18 at% Al produced by arc-melting in a water cooled copper hearth [Marieb et 
al., 1991] or by melt-overflow spinning [Aindow et al. 1991]. In contrast, previous
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studies of splat-quenched binary Nb-Al alloys by Schulze et al. (1990) have shown 
that supersaturated solid solutions with over 20 at% Al having the A2 structure 
(disordered bcc solid solution) can be formed in room temperature 
microstructures. In this latter work X-ray diffraction was used to identify the 
phases. Thus it could be speculated, that the A2 structure may have been 
incorrectly identified because it is extremely difficult to observe superlattice 
reflections originating from the B2 structure using X-ray diffraction. Table 3.2 
summarises the reported observations on B2 ordering.
Table 3.2 : Summary of the B2 ordering reported in the literature.
Reference M aterial
type
Alloy
composition
(at%)
Phases Present
Aindow 
et al. 1991
Ribbons
-250 pm Nb -  18 Al
As Spun
B2 + A15
Kohmoto 
et al. 1993
Ribbons
-30  pm
As spun
Heat Treat. 
1073 K / lOh
Nb -  9.1 Al A 2 A2
Nb -  13.5 Al A2 A2 +  B2
Nb -  16.9 Al A2 B2 +  A15
Smith et al. 
1993 Ingots
As Cast
Heat T rea t 
1773 K / 50h
Nb -  9 Al A2 A2
Nb -  18 Al B2 + A15 A15
Nb -  25 Al A2 + A15 A15 + o*
* o is the Nb2Al phase
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Kohmoto et al. (1993), in order to explain the presence of B2 structure, suggested 
that the decomposition of the supersaturated solid solution to a mixture of the 
equilibrium phases A2 (disordered bcc solid solution) and A15 (Nb 3 Al) is a rather 
complex process. The A2 -  A15 is a first order transformation requiring 
nucleation and growth and there must be a significant activation energy associated 
with this process. The disorder-order transformation from A2 to B2 is, however, 
a second order transformation and the activation energy required for this process 
will be related to the self-energy for diffusion in the supersaturated solid solution. 
Thus one would expect the activation energy for the latter transformation to be 
significantly less than that for the former. So, it is possible that, under conditions 
where the A2 to A15 transformation is suppressed, the B2 phase could form as 
a metastable intermediate phase.
It is important to mention the effect of cooling rate during solidification on the 
presence of ordering of the Nbss. According to Kohmoto et al. (1993) at high 
enough cooling rates, as in the case of their 30 pm thick Nb~17at%Al ribbons, A2 
selection from the melt is possible. In contrast, at lower cooling rates experienced 
by the thicker (250 pm) Nb~18at%Al ribbons of Aindow et al. (1991), B2 forms 
during recalesced solidification.
3.2.23. B2 ordering and other related phases
It has been reported [Menon et al., 1992, Shyue et al., 1993, Hou et al., 1994] 
that ternary additions of Ti tend to produce a more stable version of the B2 
phase, but only at appreciable alloying contents. Ternary alloys of 
Nb~15at%AHxat%Ti (where x « 15, 25 and 40) exhibit the B2 structure in the 
as cast form and subsequent heat treatments lead to the formation of various 
second phases in the matrix, such as the o-phase, co-phase and A15 phase [Shyue 
et al. 1993, Hou et al. 1994 ]. It was reported that the co phase is a metastable 
phase found only in the Nb-15Al-10Ti alloy after annealing at 1173 IC for short
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periods (10 min) followed by water quenching. The o-phase has been found in 
all three ternary alloys at intermediate temperatures (<1273 K) but it redissolves 
at temperatures higher than 1373 K. For the Nb-15Al-10Ti alloy, in particular, 
it was found that the o phase precipitates from the supersaturated Nbss after heat 
treatm ent at 973 K for 500 h, but after subsequent heat treatm ent at 1373 K for 
50 h it redissolves and at its expense the A15 phase forms . It was suggested that 
the o-phase may be a metastable phase in the Nb-15Al-10Ti alloy due to the fast 
B2 -  o transformation kinetics [Hou, 1994].
As already mentioned, the presence of o and <o phases in association with the B2 
structure (Nbss) has been studied to some extent in the ternary Nb-Al-Ti system 
[Hou, 1994]. However, nothing has been reported about the presence of these 
phases in the binary Nb-Al system. Shao et al. (1995 A) have found that the 
addition of the lower-valency element Al to transition metals, on the right of the 
group IV elements in the periodic table, such as V, will destabilise the high- 
tem perature bcc phase and favour the <o transformation. It was suggested that by 
analogy one would expect that that an transformation may also occur in other 
metastable bcc phases formed in later-transition-metal-based alloy systems such 
as Nb-Al, Mo-Al, Cr-Al and Mn-Al.
3.3. PROCESSING OF Nb3Al
As discussed in section 3.1, Nb3Al is considered both as a candidate high 
tem perature structural material as well as a potential superconductive material for 
zero-resistance power transmission. Several processing techniques have been 
developed for its production, depending also on the prospective application.
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3.3.1. Arc Melting
Probably the most widely used method for the production of Nb3Al is non­
consumable arc melting of pure elemental Nb and Al in a water cooled copper 
hearth under an Ar atmosphere. However, evaporation of aluminium, which 
hinders the accurate control of composition, is a serious problem encountered in 
this method. This problem will be more extensively discussed in section 4.1.2.
3.3.2. Melt-Spinning and Plasma-Melt-Gas-Atomization
Arc and plasma melt-spinning and plasma-melt-gas-atomization are rapid 
solidification techniques. In melt spinning, molten metal is brought into contact 
with a rapidly rotating wheel. The liquid metal is cooled by the wheel and is 
rapidly solidified to a thin ribbon. Plasma-melt-gas-atomization has been 
developed to produce rapidly solidified powders of high tem perature intermetallic 
compounds (Murahashi et al. 1995). The shape of the powder was generally 
spherical and the range of its size was 0.5 - 1248 pm. The mean particle size 
varied from 107 - 150 pm.
3.3.3. Magnetron Sputtering
Vapour phase deposition by high rate magnetron sputtering has been used by Cao 
et al. (1994) and Rowe et al. (1994) for the production of microlaminated 
Nb 3 Al/Nb metal composites. The method offers freedom to control independently 
the compositions of the ductile and intermetallic phases, their volume fractions 
and dimensions.
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3.3.4. Powder Processing
Powder processing has been applied by Murugesh et al. (1991) for the fabrication 
of in situ Nb 3 Al/Nb composite microstructures. For the synthesis of the powders, 
commercially pure Nb (~1 pm) and Al (~3 pm) powders were mixed in the 
appropriate ratio (Nb - 6  to 7 wt% Al) and the mixture, after being ball milled for 
20 min to 2 h, was heated in vacuum at 1400 °C (1673 K) for lh . The reaction 
of the powders was only partially completed after this stage. To complete the 
procedure, vacuum hot pressing [36 MPa, 1650 °C (1923 K)] or reaction sintering 
[365 MPa, 1200 °C (1473 K)] followed. Compared to arc melting and casting, 
powder processing offers the advantage of controlling the cooling rate since 
resistance heating may be employed. In addition, since hot pressing operations 
are conducted in a closed or semi-closed system of cans and dies, volatilisation is 
minimised, and densification is accomplished at temperatures substantially below 
the melting point of the intermetallic compound.
3.3.5. Clad-Chip Extrusion, Nb-tube and Infiltration methods
Nb-tube (Hasegawa et al., 1993), clad-chip extrusion (Saito et al., 1994) and 
infiltration (Kumagai et al., 1991) techniques have been developed for the 
fabrication of superconducting wires. Nb-tube and clad-chip-extrusion processes 
are characterised by the reaction between thin Nb and Al layers at relatively low 
temperatures [1000 °C (1273 K)].
Clad-chip extrusion is characterised by chipping and extruding the clad-sheets of 
Nb and Al. The chemical composition is controlled by the layer thickness ratio 
at cladding. The extruded Nb/Al composite bar is then converted into Nb3Al by 
heat treatment. This method can produce single phase Nb3Al bulk material
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without Nb solid solution, micro-cracks and oxide particles such as alumina. A 
schematic diagram of this method is shown in figure 3.4.
N b jA I  H e a t  z r s a t m e n i  .R o llin g  an<j c ra v in g  E x tru s io n
t___________________ I
Figure 3.4 : Schematic diagram of the clad-chip-extrusion method (Saito et al., 
1994).
Nb3Al multifilamentary wire of practically useful length has been produced by the 
Nb-tube technique. The starting material consists of a Nb tube and an inserted 
Al-2 at% Cu alloy rod. This single cored composite is cold drawn to a wire. A 
bundle of wires is inserted into a Nb tube and then drawn again. The bundling 
and drawing processes are repeated twice more and the final composite is then 
heat treated.
A schematic diagram of the infiltration method is shown in figure 3.5. In this 
method, Nb sintered compact rods are immersed in liquid Al. The composite 
rods are then mechanically reduced in diameter by combination of extrusion and 
rod-rolling. Finally the composite rods are subjected to heat treatm ent [1300 °C 
(1573 K), 7 days].
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Niobium
powder
-200+250 mesh 
(59~ 118a m)
Silicon tube 
mold
Isostatic Sintering 
compaction 2523Kx lOmin 
(13~ 16mm^ )
Liquid Al bath 
Ar gas 0.2MPa 
973Kx 3min
Extrusion(R=5)
-f
Rod-rolling
Nb sheath 
(25mra<6 ) 
Multiplying
Heat
treatment
Lo o o J
NbgAl rods
Extrusion 
(R=5+7.5)
Figure 3.5 : Schematic diagram of the infiltration method (Kumagai et al., 1991).
3.4. PROPERTIES OF N b^l
Nb3Al has been evaluated together with other intermetallic compounds (Cr3 Si, 
Co2 Nb, CoSi2, Ti3 Sn, CoHf, Cr2 Nb, MoSi2, Mo5 Si3, Nb 2 Al) which have been all 
selected as candidate materials for high temperature structural applications in 
advanced aero-turbines on the basis of creep strength, ductile to brittle transition 
temperature (DBTT), ultimate tensile strength and oxidation resistance [Anton 
and Shah 1989, Anton and Shah 1991 A , Anton and Shah 1991 B].
3.4.1. Mechanical Properties
The evaluation of mechanical properties has been based on compressive creep 
tests and bend tests. Some of these properties have been briefly reviewed by 
Anton and Shah (1991 A). The results of compressive creep tests and bend tests 
are given in table 3.3. This table shows the creep stress exponent n at 1200 °C 
(1473 K), the activation energy for creep Qc at 1200°C (1473 K), the minimum
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strain rate at 69 MPa at 1200 °C (1473 K), the ultimate strength and the fracture 
morphology at 1200 °C (1473 K). Figure 3.6 shows an isothermal plot of 
minimum creep rate vs applied stress. Figure 3.7 gives a plot of strain to failure 
vs tem perature of some typical "exotic" intermetallics which best describes the 
ductile to brittle transition temperature DBTT of the compounds and figure 3.8 
graphically depicts their ultimate strengths.
Stress, MPa
Figure 3.6 : Minimum creep rate vs stress for typical "exotic" intermetallics at 
1200°C (1473 K) [Anton and Shah 1991 A].
0 400 800 1200 1600 2000
T E M P E R A T U R E ,  °C
Figure 3.7 : Ductile to Brittle Transition Temperature for some typical "exotic" 
intermetallics [Anton and Shah 1991 A].
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Table 3 3  : Summary of evaluation of mechanical properties [Anton and Shah 
1991 A].
Compound n Qc
(kcal/mole)
Min. Strain Rate 
(sec.’1)
a
(MPa)
Fracture
Morphology
Nb3Al 2 . 9 83 6.OOxlO-7 253 Inter
C r3s i 3.4 119 1.05xl0“6 154 Trans
C r 2Nb 2 . 0 31 7.20xl0“7 65 Inter/Trans
C o 2Nb 3 . 8 85 5.60xl0“6 366 Inter/Trans
Nb 2Al 1.2 82 7.60xl0“8 265 Inter
M o S i 2 2.9 85 2 . 10xl0“7 270 Trans
M o 5si3 1.9 10 4.00x10“® 12
CO
CL
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CO
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Figure 3.8 : Ultimate tensile strengths of some typical "exotic" intermetallics 
[Anton and Shah 1991 A].
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3.4.2. Toughening of NbgAl through in situ composite formation
The intermetallic compounds closest to commercial utilisation, such as Ti3 Al, TiAl 
as well as Ni3Al in Ni base superalloys, are actually multi-component systems with 
highly refined microstructures consisting of a major strong and some times brittle 
intermetallic phase in close association with a more ductile phase. This is 
reminiscent of pearlite, the eutectoid microstructure developed between 
cementite, Fe 3 C, and ferrite, a microstructure common in many plain carbon steels 
and known for its toughness (see also section 1.3). Multiphase systems such as 
these can be considered composites since the two constituent phases usually have 
different moduli, thermal expansion and ductility [Anton and Shah 1993]. For 
intermetallic based materials to become useful, their properties, especially 
toughness, will need to be enhanced through the proper manipulation of either 
artificially manufactured composites in which particles are added, or through 
natural or in situ composites.
In in situ composite formation, solidification or precipitation can be used to 
naturally separate phases. As long as the phase diagram is well understood, not 
an easy task in complex alloy systems, directional solidification, forging and heat 
treatm ent can be used to separate and align the reinforcement into the desired 
geometry. By nature of their origin, these composites are thermodynamically 
stable; however, their induced morphologies can be degradated by diffusional 
mechanisms.
The A15 structure of Nb3Al is responsible for its high-temperature strength, but 
at the same time results in limited ductility, fracture toughness and a tendency for 
brittle fracture at ambient temperatures. One approach to improving the 
toughness of brittle intermetallics such as Nb3Al is to fabricate an Nb3Al 
composite by incorporating a refractory ductile metal phase, Nb solid solution
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(Nbss), in the microstructure.
The concept of ductile phase toughening has been developed by Anton and Shah 
(1990) using Nb 3 Al/Nbss composites. They found that cracks introduced by 
microhardness indentations in the Nb3Al alloy are effectively terminated by the 
ductile Nbss, suggesting that fracture toughness is affected by the volume fraction, 
size, morphology and distribution of Nbss. Such composites can be processed by 
utilizing in situ phase transformations in the alloy system through arc melting and 
thermomechanical treatments. As shown in figure 3.1 Nb3Al is formed by a 
peritectic reaction at 2060 °C (2333 K) with sloping phase boundaries such that 
the Nb-rich solid solution overlaps the intermetallic at high temperatures; this 
aspect of the phase formation provides a mechanism for the in situ precipitation 
of duplex microstructures of Nb3Al composites with excess Nbss as the ductile 
reinforcement phase. Previous studies have shown this to be a sluggish 
transformation, such that Nbss can be retained at room tem perature with only 
a moderate degree of undercooling [Lundin and Yamamoto 1966, Jorda et al., 
1980]. Further heat treatm ent is necessary to precipitate the Nb3Al phase. The 
precipitation is reported to occur through a massive transformation, resulting in 
a highly uniform and fine distribution of filamentary Nbss within a non-contiguous 
Nb3Al matrix [Lundin and Yamamoto 1966].
Murugesh et al.(1994) reported that the mechanical properties of Nb3 Al/Nb 
composites are distinctly superior to those of unreinforced Nb 3 Al, displaying a 
significantly higher toughness at roughly comparable strength levels. As shown in 
table 3.4 the unreinforced Nb3Al material was found to have a high hardness but 
a very low fracture toughness (KIc« l .l  MPa1/2) and a flexure strength of 212 MPa. 
In comparison, Nb 3 Al/Nb composite showed a lower hardness but displayed a 
fivefold increase in toughness (KIc«5.5 M Pa1/2) and a flexure strength of 340 MPa. 
In addition the composite microstructure displayed improved fatigue properties 
compared with the monolithic Nb3Al [Murugesh et al., 1993]
- 31 -
Chapter 3 (NbyAl)ss and NbyAl
Table 3.4 : Mechanical properties of Nb 3 Al/Nb and its unreinforced constituents 
[Murugesh et al., 1993 and Murugesh et al., 1994].
PROPERTY Nb3Al Nb3Al/Nb Nb
Vickers Hardness 
(kgmm*2) 822 661 270 ;
Flexure Strength 
(MPa) 2 1 2 460 95
Fracture Toughness 
(MPam172) 1 . 1 6.5 16
Fatigue Threshold A K ^  
(MParn172) 0 . 6 2 . 8 6.9
According to Murugesh et al. (1994), the fivefold increase in toughness shown by 
the in situ Nb3 Al/Nb composites compared with monolithic Nb3Al can be 
attributed primarily to the role of the ductile Nbss phase bridging of cracks, and 
to a lesser extent to plastic deformation in the ductile phase. This was evident by 
the presence of uncracked Nbss particles in the crack wake. The contribution to 
the toughening of Nb3Al from the Nbss phase arises from resultant tractions 
bridging the two crack surfaces, thereby partially shielding the crack tip from 
remotely applied loads. O ther mechanisms such as crack deflection, crack 
trapping, crack renucleation, multiple matrix cracking and decohesion along the 
Nb-matrix interfaces can further enhance this effect.
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3.4.3. Oxidation Resistance
Svedberg (1976) conducted an extensive investigation of the oxidation behaviour 
of Nb-Al base intermetallics in air at 1200 °C (1473 K). Among the intermetallic 
compounds of the Nb-Al system, the slowest oxidation rate was observed for 
NbAl3, which exhibited parabolic oxidation behaviour with kp « 1.8 x 1 0 '2 mg2 cm ' 4  
min ' 1  which is two orders of magnitude higher than that of NiAl which forms a 
protective alumina scale in 0 2  at 1200 °C (1473 K) [Perkins et al., 1988]. NbAl3  
initially forms an alumina scale but cannot sustain its growth as a protective layer 
[Perkins et al., 1988]. Binary Nb-Al alloys with lower aluminium contents (<75 
at% ) also do not form protective alumina scales in air at 1200 °C (1473 K). 
Svedberg (1976) found that the lower aluminides of niobium, Nb2Al and Nb3Al 
exhibit poor linear oxidation behaviour. Figure 3.9 shows the weight gain as a 
function of time for some Nb intermetallic compounds studied by Svedberg 
(1976), Table 3.5 lists the oxides formed on Nb-Al intermetallics.
Nb3Al has been evaluated together with other intermetallic compounds (Cr3 Si, 
Co2 Nb, CoSi2, Ti3 Sn, CoHf, Cr2 Nb, MoSi2, Mo5 Si3, Nb2 Al) on the basis of 
oxidation resistance [Anton and Shah 1989, Anton and Shah 1991 A , Anton and 
Shah 1991B]. The oxidation study was based on cyclic oxidation tests, which were 
conducted at ~1200 °C (1473 K ) in air. Regularly shaped specimens were 
exposed for alternating cycles of 55 min at temperature and withdrawn into 
ambient for five minutes. The specimen weight was measured after every twenty 
four such cycles and any spallation was saved for further analysis. X-ray powder 
diffraction analysis of both the specimen surfaces and any spalled oxide were 
conducted upon test termination. Nb3Al oxidized catastrophically within twenty 
cycles (the specimen crumbled into yellowish oxide flakes). The remaining oxides 
were analyzed as A lN b04.
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Figure 3.9 : Weight gain as a function of time for arc-melted Nb intermetallics 
oxidised in air at 1200°C (1473 K) [ Svedberg 1976].
Table 3.5 : Oxides formed on Nb-Al intermetallics in air [Svedberg 1976].
Intermetallic Oxidation Conditions Oxidation Products
NbAl3
1 2 0 0  °C (1473 K ) 
17 h
A lN b0 4
<x-A120 3
Nb2Al 1200 °C (1473 K ) 
13 h
A lN b0 4  
A12Os -  25Nb2Os 
AI2 G 3  “ 9Nb2 0 5
Nb3Al 1200 °C (1473 K ) 
1 2  h
A lN b0 4  
A12 0 3  -  25Nb2Os 
A12 0 3  -  9Nb2 0 5
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Fujiwara et al. (1993) studied the oxidation behaviour of Nb3Al up to 1500 °C 
(1773 K). Their oxidation tests were based on thermogravimetric measurements 
during a tem perature increase from room temperature to 1500 °C (1773 K) in 
flowing air (the heating rate was 20°C/min) and during isothermal annealing. The 
oxidation curve of Nb3Al during the tem perature increase, which is shown in 
figure 3.10, revealed that the weight of Nb3Al gradually increased from about 
800°C (1073 K) to about 1400 °C (1673 K) and the oxidation proceeded rapidly 
above 1400 °C (1673 K). Upon reaching 1500 °C (1773 K) the specimen was 
melted and the XRD results indicated that the main products during oxidation 
were Nb 2 0 5  and A12 0 3  -  0.9Nb2 O5. The melting point of Nb 2 Os is 1510°C (1783 
K) and the eutectic temperature between Nb 2 0 5  and A12 0 3  is 1400 °C (1673 K) 
[Meier 1989]. As a consequence the oxidation products of Nb3Al melt below 
1500°C (1773 K), which is about 600 K lower than the melting point of Nb3Al 
[2060 °C (2333 K)]. Furthermore Fujiwara et al. (1993) reported that, after 
annealing Nb3Al for 3 hours at 900 °C (1173 K) the sample completely oxidised 
and disintegrated into fine flake-like pieces.
Temperature (”C)
Figure 3.10 : Oxidation curve of Nb3Al during heating to 1773 K at 20 °C/min, see 
text [Fujiwara et al., 1993].
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High permeability of oxygen and probably nitrogen combined with a low diffusivity 
of aluminium in niobium were assumed to be important factors that could limit 
the selective oxidation of an active element as aluminium [Perkins and Meier 
1990]. According to Wagner ’s theory [Meier 1989], the formability of the 
external A12 0 3  scale increases with a decrease of the solubility and diffusivity of 
oxygen in the alloy. Based on that, Fujiwara et al. (1993) expected, that the 
addition in Nb3Al of elements with smaller atomic size than Nb and Al might 
improve the oxidation resistance of Nb3Al by decreasing the lattice size of Nb3Al 
and thus affecting the solubility and diffusivity of oxygen in the alloy. Among the 
alloying elements selected were Mo and Re and the alloying addition was 5 at%. 
The thermogravimetric measurements during temperature increase showed that 
the weight gain ( -  2 %) at 1200 °C (1473 K) of Nb-25Al-5Mo and Nb-25Al-5Re 
was less than half the magnitude ( -  5 %) of the Nb-25A1 binary alloy. In the case 
of isothermal annealing at 900 °C (1173 K), addition of Mo or R e suppressed the 
propagation of the disintegration. Figure 3.11 shows, that the weight gain of the 
ternary alloys during isothermal oxidation at 900 °C (1173 K) is lower than 
that of the binary. However protective oxide scales were not formed in any of the 
above ternary alloys.
Figure 3.11 : Weight gain vs time during isothermal annealing at 900 °C (1173 K) 
[Fujiwara et al., 1993].
15
0 20 40 60
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For eventual application in oxidizing environments, the general consensus is that 
oxidation-protective coatings will have to be employed [Fujiwara et al., 1993, 
Dimiduk 1993]. However, in the event of a coating failure, the improved alloys 
are required to have adequate environmental tolerance to prevent catastrophic 
failure [Dimiduk 1993].
3.5. ALLOYING OF Nb3Al
One of the most attractive attributes of intermetallics is their potential for alloying 
to achieve the desired balance of engineering properties. The scope of alloying 
is not limited only to property enhancement of monolithic compounds, but it can 
also be creatively used to generate a desired composite microstructure via in-situ 
processing (see section 1.3).
The effects of ternary alloying on Nb3Al are summarized in figure 3.12 and are 
the results of microstructural analysis of the alloys and reconciliation of the 
observations with known binary and ternary phase diagrams [Shah and Anton 
1992], The Nb3Al intermetallic has very wide alloying potential with good 
solubility for many of the refractory and metalloid elements which strongly 
substitute for aluminium. Along with the wide range of alloying potential of 
Nb 3 Al, the refractory nature of Nb helps sustain the melting point in the useful 
range upon alloying.
In selecting the alloying additions for Nb 3 Al-X systems, the elements forming 
isostructural compounds, or having extensive solubility in the majority component 
of the binary intermetallics, have been considered potential candidates. Due 
consideration has also been given to the electron to atom ratio and the atomic 
size factor as the fundamental phase forming criteria. A selection of alloying 
additions is listed in table 3.6. It should be noted that with the exception of the 
Nb-Al-Ti system phase equilibria data are not available.
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Figure 3.12 : Effect of ternary additions on the Nb3Al phase field [Shah and 
Anton 1992].
Table 3.6 : Selection of binary base systems and ternary alloying additions [Shah 
and Anton 1991].
Alloying Additions
rystal Interm. Most Promising
truct. Compound Properties Substituting Substitutions
A15 Nb3Al Toughness, creep strength, Nb Ti,V,Cr,Zr,Mo,Ta,Co
ultimate strength Al Si,Ge,Ru,Sb,Sn
Cr3Si Oxidation, creep strength, Cr Ti,V,Nb,Mo,Co,Ni,Ta
ultimate strength Si Al ,Ge,Ru,Sb,Sn
C15 Co2Nb Ultimate strength, creep Co Al,Cr,Fe,Ni,Mo,W
strength, toughness Nb Mg.Ti,Y,Hf,Ta
Cr2Nb Oxidation, creep strength Cr Al ,Co,V,Ru,Mo,W
Nb Mg.Ti,Y.Hf,Ta
Cllb MoSi2 Oxidation, creep strength, Si Ge
ultimate strength Mo Zr,W,Re
D8b Nb2Al Creep strength, ultimate Nb Si.Ta
strength Al Si ,Co
D8„ Mo5Si3 Creep strength Mo Nb.Ta.V
Si Ge
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Alloys based on Nb rich Nb3Al were observed to be as tough as the binary 
compound. Among the alloys studied, two groups of elements gave distinctly 
different microstructures. For elements such as Ge, Sb and Si typically non­
coherent angular precipitation of A15 in Nb solid solution was observed as shown 
in figure 3.13. This precipitate structure was generally not stable and coarsened 
rapidly. In comparison, V and Cr, which substitute on either Nb or Al sites, 
formed the most useful and tough microstructures, as shown in figure 3.14. It is 
believed, as in the case of binary Nb-Al, that these A15 phase fields must also 
culminate in a peritectic and the Nb-Al-X solid solution must have decreasing 
solubility for X with decreasing temperature. This is a very useful property, 
producing a ductile phase toughened in-situ composite.
Figure 3.13 : Microstructure of Nb-12.8Al-l.28Ge alloy (at%), homogenized for 
48 hours at 1737 °C (2010 K) in helium, showing incoherent precipitates of A15 
[Nb-15.7Al-3.15Ge (at%)] in a solid solution matrix [Nb-9.9Al-0.32Ge (at%)] 
[Shah and Anton 1991].
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Figure 3.14 : Microstructure of Nb-16.5A1-8.6V alloy (at%), homogenized for 48 
hours at 1737°C (2010 K) in helium, showing strings of Nb-11.9A1- 10.4V (at%) 
solid solution precipitated in a A15 intermetallic Nb-17.7A1-7.9V (at% ) matrix 
[Shah and Anton 1991].
Table 3.7 shows the results of creep evaluation of some of the ternary alloys and 
compares them with other "exotic" intermetallic alloys.
Table 3.7 : Compressive creep of ternary refractory intermetallics [Shah and 
Anton 1992].
Intermet. Composition (atom *) Temp./Stress (°C/MPa) Min. Creep Rate (sec)-1
Nb3Al Nb-18A1* 1200/172 7.20 X 10-6
Nb-18.1Al-16.5Ti* 1200/103 1.12 X 10-4
Nb-16.5A1-8.6V* 1200/172 8.87 X 10-6
Nb-17.9Al-10.7Cr* 1200/172 6.17 X 10-6
Nb-18.3Al-39.9Mo* 1200/172 4.52 X 10-7
Nb— 14A1—5Si * 1200/172 3.02 X 10-7
Cr3Si Cr-23Si* 1200/172 2.25 X 10-5
Cr-20.3Si-34.1Mo* 1200/172 2.26 X 10-8
Co2Nb Co-33Nb* 1200/172 2.30 X 10-4
Co-33.4Nb-26.6Crt 1200/172 5.40 X 10-8
Cr2Nb Cr-33Nb* 1200/172 4.50 X 10-6
Cr-30Nb-30Alt 1200/172 2.55 X 10-5
Cr-33Nb-20Cot 1200/172 2.27 X 10-6
Cr-20Nb-35Tat 1200/172 1.06 X 10-7
* = standardless EDS analysis; t = nominal composition
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As shown in table 3.7, addition of ~40 at% Mo in Nb3Al improves its high 
tem perature creep properties by decreasing the minimum creep rate at 1200 °C 
(1473 K) by approximately an order of magnitude.
While in the binary Nb3Al (~18at%Al) phase selection and phase transformations 
involving the A2 (disordered Nbss), B2 (ordered Nbss) and A15 have been studied 
to some extent, such studies have not been extended to the ternary and higher 
order alloys with the exception of alloys in the Nb-Al-Ti system [Menon et al., 
1992, Shyue et al., 1993 A, Shyue et al., 1993 B, Hou et al.,1994]. Three Nb-based 
alloys with nominal compositions (in at%) Nb-15Al-10Ti, Nb-15Al-25Ti and Nb- 
15Al-40Ti were studied. All these alloys exhibited the B2 crystal structure in the 
as cast form [Shyue et al., 1993 A] and showed promising elevated temperature 
strength (the yield strength of Nb-15Al-10Ti alloy was ~ 600 MPa at 1173 K) and 
ambient tem perature ductility [Shyue et al., 1993 B].
CHAPTER 4
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4.1. PREPARATION OF MATERIALS
4.1.1. Selection of Materials and Alloy Compositions
The nominal compositions of the alloys studied in this work are given in table 4.1.
Two binary Nb-Al alloys were prepared, one with the exact stoichiometric 
composition of Nb3Al and one closer to the Nb rich end of the binary system. 
These alloys were selected in order to investigate the microstructures produced 
by conventional and rapid solidification (RS) processing and in particular to 
establish the effect of RS on phase selection in the area of the binary Nb-Al 
phase diagram associated with the presence of Nb3 Al, examine further the 
A2 -> B2 ordering phenomena and test the prediction of Shao et al. (1995 A) 
about to phase formation (see section 3.2.2.3).
Three ternary alloys were also prepared with the content of A3 kept at 18 at%, 
but with additions of 20, 30 and 40 at% Mo. These alloys were designed in order 
to investigate the effect of the addition of Mo on the microstructure of
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Nb-18at%Al, in particular the A2 -+ B2 ordering reaction and the possibility of 
formation of the <o (see section 3.2.2.3). As already discussed in section 3.4, Mo 
is one of the candidate alloying elements for Nb3Al (see table 3.6), exhibits 
extensive solid solubility in Nb3Al (figure 3.12) improves the high temperature 
creep properties of Nb3Al (table 3.7) and the oxidation behaviour of Nb-25at%Al 
(figure 3.11).
Furthermore, one quaternary alloy was prepared with the content of Al kept at 
18 at% and with addition of 9 at% Cr and 5 at% Ti. This alloy was selected in 
order to study the effects of Cr and Ti addition on the microstructure of Nb- 
18at%Al alloy. As already discussed in section 3.2.2.3 ternary additions of Ti 
tend to produce a stable version of the B2 ordering of Nb-Al solid solution 
(Menon et al., 1992, Shyue et al., 1993, Hou et al., 1994).
It should be noted that phase equilibria data are very limited for the ternary Nb- 
Al-X and higher order alloys with the exception of the Nb-Al-Ti system.
4.1.2. Preparation of Ingots (conventional solidification)
All alloys were prepared by arc-melting commercially pure elements in a water 
cooled hemispherical copper hearth using a non-consumable tungsten electrode 
in a chill block melt overflow unit suitable for the processing of reactive and 
refractory metals. A  photograph and a schematic diagram of the unit used in this 
work are shown in figures 4.1 and 4.2 respectively. The chamber, where the alloys 
were arc-melted, was evacuated to a vacuum of at least 10' 3  Pa (10 ' 5  mbars) using 
a rotary pump and a diffusion pump. The chamber was then filled with argon 
(99.995 % pure) and pumped down again in order to achieve as clean conditions 
as possible. Before melting the chamber was filled again with argon to a pressure 
of ~50 KPa. Each melting cycle lasted approximately 3 minutes and was carried 
out under a voltage of 20-30 Volts and a current of 1000-1400 Amps. Under the
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melting conditions used, it was not possible to control or measure the melt 
superheat. The alloy ingots were inverted and remelted three to four times each 
in order to promote homogenisation. After melting the material was left to cool 
down in the water cooled copper hearth. In that way the alloys were produced 
in the form of hemispherical ingots. Figure 4.3 illustrates a typical ingot geometry.
Figure 4.1 : Photograph of the chill block melt overflow unit used in this work.
During melting, fumes were observed to come off the melt. These fumes were 
deposited on the coldest parts of the chamber in the form of dark grey dust. 
These fumes were formed because of Al evaporation during melting due to the 
difference between the melting points of Nb [2469 °C (2742 K)] and Al [660 °C 
(933 K)] and the high vapour pressure of Al which is ~ 1  atm at 2000 °C (Cottrell 
1975). Jorda et al. (1980) reported that in Nb rich Nb-Al alloys weight losses due 
to Al evaporation start at temperatures close to 1660°C (1933 K). For all alloys 
large area Electron Probe Microanalysis (EPMA) showed composition deviations 
from the nominal one. These were attributed to Al losses and are in agreement 
with the above observations. Table 4.1 gives the amount of Al lost during melting 
and melt-spinning of the alloys.
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1. Copper Electrode Holder 9. Gate Valve
2. Rotating Casting Wheel 10. Diffusion Pump
3. Tungsten Electrode 11. Mechanical Vacuum Valve
4. Watercooled Copper Hearth 12. Foreline Valve
5. Tilting Motor 13. Rotary Pump
6. Switch for Tilting Motor 14. Remote Control Switch
7. Stainless Steel Vacuum Chamber 15. Power Generator
8. Filter 16. Variable Speed Drive
Figure 4.2 : S ch em a tic  o f  th e chill b lock  m elt overflow  unit used  in th is w ork.
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  2 cm
Figure 4.3 : Typical ingot geometry.
Table 4.1 : Nominal Alloy Compositions and Al losses during melting
Alloy
Nominal
Composition
(at%)
Al content of 
charge 
before melting
(at%)
Al content of alloy 
after melting 
EPMA result
(at%)
Al loss 
during 
melting
(at%)
Number
of
melting
cycles
1 Nb-25A1 25.4 23.7 1.7 3
la Nb-25A1 26.3 25.4 0.9 4
2 Nb-18A1 19.6 16.6 3.0 4
3-2 Nb-18Al-20Mo 20.3 17.3 3.0 5
3-3 Nb-18Al-30Mo 2 0 . 0 16.0 4.0 5
3-4 Nb-18Al-40Mo 2 2 . 6 16.6 6 . 0 1 1
4 Nb-18Al-9Cr-5Ti 19.5 18.0 1.5 4
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As shown in table 4.1, it was very difficult to control the Al content of the alloys 
due to Al evaporation during melting and melt-spinning. Although additional 
amountsof Al were added to ectchcharge in order to compensate for the expected 
losses, it has not been possible to exactly control the final composition. The 
amount of Al loss depended on many parameters, such as the melting point and 
flow behaviour of each alloy melt and consequently the power input and time 
required for melting and melt-spinning. For example the Nb-18Al-40Mo alloy 
exhibited extremely viscous behaviour and required the largest power input 
(25Volts and 1300-1400 Amps) and the greatest number of melting cycles in 
order to be melt-spun. As a result the amount of Al loss during melting of this 
alloy was the highest
Chemical analysis of all alloy ingots was performed by IMI Titanium and gave the 
following levels of interstitials : H 2  < 10 wppm and 0 2  < 200wppm.
4.1.3. Preparation of Ribbons
The rapidly solidified alloys were produced in the form of ribbons using an 
overflow melt-spinning method. Melt overflow is a development of the melt-drag 
and melt-extraction processes and like them avoids the necessity to flow melt 
through an orifice, as is standard in chill block melt-spinning in order to generate 
a meltstream. The principle involves controlling the overflow of molten metal 
from a reservoir on to a moving chill surface [Jones 1987]. The melt-spinner 
used is a variant of the melt-extraction melt spinner produced by Marco Materials. 
The ribbons were produced by melting the material as described previously, tilting 
the cooper hearth and introducing the melt through a V-notch of the hearth onto 
a molybdenum spinning wheel as shown schematically in figure 4.4. The 
molybdenum wheel was 0.25 m in diameter and rotated with a linear speed of 
approximately 19.6 ms" 1  (1500 revolutions per min). Prior to melt-spinning each 
alloy had been melted at least three times in order to ensure homogeneity of the 
melt.
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The melt-spinning process was affected by the flow characteristics of the melt, 
which varied and depended on the composition of each alloy. The alloys with 
relatively low melt viscosity (Nb-25A1, Nb-18A1, Nb-18Al-9Cr-5Ti) were melt spun 
easily. In contrast, the alloys with relatively high melt viscosity (Nb-18Al-20Mo, 
Nb-18Al-40Mo, Nb-18Al-30Mo) were very difficult to melt spun.
A sketch of the typical morphology of the ribbons is shown in figure 4.5. Table 
4.2 gives the length, width and thickness of the ribbons produced in this work.
Figure 4.4 : Sketch of the chill block melt overflow method used in this work.
Figure 4.5 : Sketch of the typical morphology of a ribbon.
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Table 4.2 : Ribbon dimensions.
Alloy
Nominal
Composition
(at%)
Length
(cm)
Width
(mm)
Thickness
(pm)
la Nb-25A1 <; 1 0 .2 - 1 30 - 80
2 Nb-18A1 3 - 30 0 .2 - 1 40 - 180
3-2 Nb-18Al-20Mo 1 - 5 0 .2 - 1 60 - 1 2 0
3-3 Nb-18Al-30Mo 0.5 - 2 0 . 2  - 2 70 - 120
3-4 Nb-18Al-40Mo ^ 1 0 . 2 60 - 1 2 0
4 Nb-18Al-9Cr-5Ti 1  - 2 0 0 . 2  - 1 50 - 100
As shown in table 4.2, there was a variation in ribbon size between the different 
alloys and also within individual alloys.
The length of the ribbons was mainly affected by their brittle or ductile character, 
in such a way that the most brittle ribbons of alloys la  and 3-4 exhibited a length 
of less than 1 cm, while the more ductile ribbons of alloys 2, 3-2, 3-3 and 4 
exhibited lengths up to 30 mm (alloy 2). Here, it should be pointed out that the 
characterisation of the ribbons as brittle or ductile is the result of a superficial 
estimation based on the criterion of how the ribbons behaved during normal 
handling. If the ribbons break easily, they are characterised as brittle whereas, if 
they can be bent or they require scissors to be cut they are characterised as 
ductile.
The width of the ribbons was mainly affected by the flow characteristics of each
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melt and in the case of the Nb-18Al-40Mo alloy, which was very viscous, the width 
of the ribbons was very small due to the fact that the melt could not flow easily 
through the V-notch of the hearth and only a very small area of the melt could 
contact the spinning wheel.
The thickness of the ribbon is a very important parameter as it is associated with 
the cooling rate achieved during melt-spinning. The thinner the ribbon, the higher 
cooling rate it has experienced. According to Frazier and Chen (1992), who 
modelled melt spinning for a facility similar to the one used in this study, the 
thickness of the ribbon, t, is related to the speed of the spinning wheel, U, 
[ t oc U '1/2 or t oe U '2/3 ], and as the speed of the wheel increases the thickness of 
the ribbon decreases and consequently the cooling rate increases. Differences in 
ribbon thickness of different alloys are associated with their thermophysical 
properties. In this work, as has been previously mentioned, the speed of the 
wheel was kept constant (at -19.6 msec'1) and it would be expected that the 
thickness of the ribbons of each alloy should be fairly constant. In spite of this the 
thickness of the produced ribbons varied within each alloy. This was attributed 
mainly to the flow characteristics of the melts, which hindered their stable flow 
through the V-notch on to the spinning wheel.
4.2. EXPERIMENTAL TECHNIQUES
4.2.1. X-ray Diffraction
X-ray diffraction analysis (XRD) was used in order to identify the phases present 
in the ingots and the ribbons of the alloys. XRD was performed using a Philips 
diffractometer with monochromatic CuKQ(X = 1.5418 A) radiation (46 KV, 35 mA, 
2°20/min). Ingot sections were examined in different orientations in order to 
avoid any possible texture effects. XRD specimens of the ribbons were prepared
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by mounting ribbons in different orientations on double-sided adhesive tape and 
then on the special plastic holder of the XRD instrument, making sure that the 
surface of the specimen was as flat as possible and coincided with the focal plane 
of the X-ray diffractometer.
4.2.2. Optical and Scanning Electron Microscopy
Metallographic samples of the ingots and ribbons of all alloys were examined 
under a ZEISS Axiophot optical microscope and a Cambridge Stereoscan 250 
electron microscope.
Sections from the ingots were cut in a Struers Accutom using a Struers 356 CA 
cut-off wheel. It should be mentioned here that all alloys exhibited exceptional 
resistance to abrasive cutting and when metal bonded diamond wheel was used 
the diamond coating wore away within a few minutes (^15 min) of cutting. 
Vertical cross sections of the ingots covering the whole area from the bottom of 
the ingot, where it is in contact with the copper hearth, to the top surface were 
examined. This was done in order to examine the solidification microstructures of 
the ingot because the cooling rates vary from the bottom of the ingot to the top 
surface (100 K/s to <10 K/s).
Metallographic specimens were prepared by grinding moulded in bakelite sections 
of the ingots using a combination of zirconia and diamond discs or a series of 
silicon carbide papers depending on the alloy. After grinding the specimens were 
polished using a 6 pm petrodisc, a 6 pm pad and a 1pm pad.
Cross sections along the thickness of the ribbons were mounted in a mixture of 
alumina powder and resin. The alumina powder was added to the resin in order 
to increase the hardness of the mould and thus provide a uniform surrounding to 
the cross sections of the ribbons. The ribbon specimens were ground and polished
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in a similar way to the one used for the ingots.
When required, specimens of both ingots and ribbons were etched using an ASTM 
161 etchant which consisted of 25 ml H N 0 3, 5 ml HF and 50 ml H20 . The 
etching time varied depending on the composition and the state (as cast ingot, 
heat treated ingot, ribbon etc.) of each alloy.
4.2.3. Electron Probe Microanalysis
Electron probe microanalysis (EPMA) was performed in a JEOL 8600 
Superprobe. Qualitative and quantitative bulk and phase analyses were evaluated 
using Energy Dispersive Spectrometry (EDS) with standards and ZAF corrections 
(Z: atomic number, A: absorption, F: fluorescence). It should be mentioned here, 
that although the quantitative results are presented to a first decimal place, this 
does not correspond to the real accuracy of the analysis. The degree of accuracy 
is limited ultimately by the accuracy of the instrumentation and our understanding 
of the physical processes that are occurring (and thus our ability to model them). 
The relative percentage error could reach values of approximately ±3 % (Scott 
and Love, 1983). There are many parameters that effect the accuracy (probe 
current stability, condition of the specimens and the standards etc.) and some of 
these are beyond the control of the individual operator. However special care was 
taken in order to minimise the possible errors. During the analysis the probe 
current was frequently checked to ensure its stability and the standards were 
regularly polished. Although it is advised to use not etched specimens (Reed, 
1975) this was not possible most of the times, because the specimens had to be 
etched in order to sufficiently resolve the existing phases. Another important 
issue, that should always be considered when analysing fine structures, is the 
spatial resolution of the technique, which is associated with the electron beam 
voltage, the composition and density of the specimen and the compositions of the 
neighbouring analyzed phases (Jones, 1992, Reed, 1975, Scott and Love, 1983).
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In this work the smallest possible voltage of 10 kV was always used, with the 
exception alloy 4, where a voltage of 15 kV was required, in order to achieve the 
best possible resolution. Under this voltage and with a density of ~7000 kgm"3 
(the density of Nb3Al is ~7300 kgm'3), it is estimated that the spatial resolution 
should be approximately 1-1.5 pm (without taking in to consideration the 
fluorescence contribution) (Reed 1975, Scott and Love, 1983).
4.2.4. Transmission Electron Microscopy
Transmission electron microscopy (TEM) was carried out in a Philips EM 400T 
microscope operating at 120 kV and a JEOL 2000-fx microscope operating at 200 
kV. Both ingots and ribbons were investigated in the TEM.
Besides the high resolution offered for microstructural observation, TEM was used 
mainly in order to provide crystallographic information through electron 
diffraction analysis. As discussed in section 3.2.2, the Nb-Al solid solution (Nbss) 
has been found to exhibit ordering in several cases. More specifically, Nbss was 
found to have the B2 bcc ordered structure instead of the A2 bcc disordered 
crystal structure, which is suggested from the equilibrium Nb-Al phase diagram. 
Because it would be very difficult to identify superlattice reflections using X-ray 
diffraction, electron diffraction was chosen for this purpose. Selected area 
diffraction patterns (SADP) were used.
4.2.4.I. TEM thin foil preparation
In order to prepare thin foils from the ingots, approximately 500 pm thick slices 
of the ingots were cut in the Accutom. The slices were then ground and polished 
to a thickness of 50 - 80 pm. The thin foils were polished down to 1 pm from 
both sides in order to achieve a more even thinning in the following stage of ion 
beam thinning. As it was not possible to section 3 mm discs due to the relative
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brittle nature of the foils, irregular shaped pieces were mounted onto nickel grids 
using resin glue. The mounted thin foils were then ion beam milled in a GAT AN 
600 dual ion beam thinner operating with Argon gas at a voltage of 6V and a 
beam current of 1 mA (0.5 mA for each of the two guns) till perforation.
TEM  specimens from the ribbons were easily prepared by mounting the ribbons 
onto nickel grid and then ion beam milling them under the same conditions used 
for the ingots.
4.2.4.2. Determination of Orientation Relationships
The orientation relationship of two crystals can be completely defined by giving 
a pair of parallel directions in a pair of parallel planes. This is equivalent to 
giving three pairs of parallel planes or directions which are perpendicular to one 
another, according to which all the parallel planes and directions between the two 
crystals can be shown either directly superimposed on a stereogram projection, or 
can be related mathematically by a transfer matrix.
To determine the orientation relationship experimentally in the TEM, first a pair 
of parallel planes, which are characterized by parallel diffraction spots or parallel 
Kikuchi bands on the diffraction patterns, are found by systematic tilting. A pair 
of parallel directions which are perpendicular to the plane pair, are then found 
by tilting around the plane normals of the parallel planes, giving the wanted 
parallel direction and plane pairs.
Mathematical formulation of an equivalent orientation relationship
The general form of orientation relationship is expressed as [UVW] // [uvw] and 
(HKL) // (hid), which can be readily transferred to three pairs of parallel planes 
which are perpendicular to one another :
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(H I K1 LI) // (h i k l 11)
(H2 K2 L2) // (h2 k2 12) (4.1)
(H3 K3 L3) // (h3 k3 13)
This leads to the following equation dividing each reciprocal vector by its own 
vector length:
R  h i k i l i  /  R i  =  r  h lk m  /  r1
R H2K2L2 / R2 = r h2k212 / r2 (4.2)
R H3K3L3 I R1 = r h3k313 / r3
where R*HiKiLi an<3 r*hikiii are a pair of parallel reciprocal vectors for the two 
crystals, and Rj and i'j are the vector lengths. Since Rj « 1/Dj and q «= 1/dj, where 
Dj and d{ are lattice plane spacings, equation (4.2) can be written as:
R HiKiLi = ( i^ /  Dj) V hikili (4.3)
Therefore, the basic reciprocal vectors A*, B*, C* and a*, b*, c* of both crystals can 
be related from equation (4.3) as:
A* HI K l LI
B* = H2 K2 L2
H3 K3 L3
A 0 0
0 —  0
0 0 - ^ -
h i k l 11 
h2 k2 12 
h3 k3 13
(4.4)
which can be written in the simplified form as:
[A*] =  [N] [a*] (4.5)
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Two important crystallographic conclusions for index transfer between two crystals 
are:
(i) the transfer matrix between reciprocal planes is the same as that 
between the reciprocal basis vectors, [N], and
(ii) the transfer matrix between reciprocal vectors is [NT]‘1,
i.e.,
[U] = [N] [1,]
(4.6)
[H] = [N Y  [h]
Equations (4.6) can be used to derive any equivalent parallel direction or plane 
pairs for the orientation relationship of two crystals.
4.2.4.3. Energy dispersive X-ray (EDX) analysis of thin foils
EDX analysis of TEM foils was performed on a LINK AN10000 system in a 
Philips EM 400T microscope. The thin foil EDX analysis has a much better 
spatial resolution (<50 nm) compared to the EPMA and it was used for the 
analysis of very fine precipitates in the TEM. However, care had to be taken to 
get accurate composition information and the conditions were optimized as 
follows: (i) maximum acceleration voltage for larger peak/background ratio; (ii) 
possibly the thinnest (<100 nm thick) areas were chosen to guarantee the spatial 
resolution.
The Cliff-Lorimer factors were determined experimentally with quenched single 
phase Nb-Al and Nb-Al-Mo alloys.
4.2.5. Heat Treatments
Isochronal heat treatments of the ingots of all alloys were carried out at 800°C 
(1073 K), 1000°C (1273 K) and at 1200°C (1473 K) for 24 h. After heat
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treatm ent the specimens were taken out of the furnace and were air cooled. 
These temperatures were chosen in order to study phase transformations [A2 
(Nbss) * B2 (Nbss) order-disorder transformation and A2 (Nbss) -+ A15 (Nb3Al) 
precipitation] and microstructural evolution.
H eat treatments of the ribbons were carried out at 450 °C (723 K) for 1000 h and 
at 700 °C (973 K) for 500h followed by air cooling. These heat treatments were 
chosen in order to study the decomposition of the supersaturated Nb-Al solid 
solution and investigate the possible precipitation of second phases such as the <o 
and/or o phases. These phases were reported to precipitate out of a 
supersaturated solid solution in a Nb-15at%Al-10at%Ti alloy after heat treatment 
at intermediate temperatures (973-1173 K) [(Hou et al., 1994), see also section 
3.2.2.3], However, nothing has been reported on the decomposition of the binary 
Nb-Al supersaturated solid solution in relation to the formation of the <o and o 
phases.
All heat treatments were performed with the specimens being encapsulated in 
silica tubes in order to avoid oxidation. Argon flow in the tube furnace used for 
heat treatm ent was insufficient to prevent oxidation. The silica tubes were 
evacuated using a rotary pump, then filled with high purity argon, evacuated again 
and finally filled with high purity argon to a pressure of ~2xl04 Pa (0.2 atm). The 
argon pressure in the silica tubes was chosen to be ~2xl04 Pa at room 
temperature [25°C (298 K)] so that at 1200 °C (1473 IC) it would be -1 0 5 Pa (1 
atm). In this way failure of the silica tube was prevented, by imposing equal 
pressures inside and outside. Silica can withstand temperatures only up to around 
1473 K and even then, when temperature exposures are as long as 24 to 48 h, 
weakening of the tube was unavoidable. The temperature capability of the silica 
tubes limited the highest temperature for heat treatment without encountering 
oxidation problems.
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4.2.6. Differential Scanning Calorimetry and Thermogravimetric 
Analysis
Differential Scanning Calorimetry (DSC) and thermogravimetric analysis (TGA) 
were carried out in order to study phase transformations and preliminarily assess 
the oxidation behaviour of the alloys.
The instrument used was a Rheometric Sciences Thermobalance for DSC-TGA 
operating up to a maximum temperature of 1500 °C (1773 K). The DSC and 
TGA experiments were carried out both in static air and in flowing argon 
atmosphere (argon flow -50  ml/min). When the experiment was carried out in 
Ar, the flow of gas commenced 30 min before the onset of heating to ensure a 
low partial pressure of oxygen (-5% ). A  standard heating rate of 20 °C/min was 
used for all the experiments.
The ingot specimens used for DSC-TGA were small cubes (approximately 2x2x2 
mm3, specimen weight varied from 50 to 110 mg), which were cut in the Accutom. 
Special care was taken in order to ensure good contact of the surface of the 
specimen with the alumina crucible of the DSC instrument.
The ribbon specimens were produced by chopping the ribbons along their length 
into 1-2 mm long pieces. Each specimen consisted of a small amount of these 
ribbon pieces (specimen weight varied from 50 to 85 mg).
4.2.7. Microhardness and Hardness Evaluation
4.2.7.I. Microhardness
Microhardness measurements were performed using a Mitutoyo MVK-H1
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hardness testing machine with a micro-Vickers diamond pyramid indenter and an 
Akashi AT 201 Auto Stage Controller. A load of 0.1 kg was used (loading time 
* 15 s). Sometimes, when the microstructure was very fine, it was impossible to 
create an indent small enough to avoid interference with the neighbour phase. 
Microhardness tests were performed only for the ingots on metallographically 
prepared specimens.
4.2.7.2. Hardness
Room temperature hardness measurements were performed using a Vickers 
Armstrongs Ltd. instrument with a Vickers diamond pyramid indenter. A load of 
5 kg was used. The loading time was preset by the instrument. Hardness tests 
using the Vickers Armstrong Ltd. instrument were performed only for the ingots.
For the ribbons hardness test measurements were performed using a Mitutoyo 
MVK-H1 hardness testing machine with a micro-Vickers diamond pyramid 
indenter and an Akashi AT 201 Auto Stage Controller. Loads of 0.1 and 0.05 kg 
were used (loading time « 15 s). Hardness tests were performed on 
metallographically prepared specimens.
4.2.73. Hot Microhardness
Attempts to measure high temperature microhardness of the alloys were not 
successful. It was observed that at temperatures higher than ~673 K the diamond 
tip of the indenter exhibited severe surface damage which was attributed to 
reaction between Nb solid solution present in the alloy microstructure and the 
diamond. It should be noted that the diamond tip was not expected to react with 
Nb3Al. However, due to the configuration of the instrument used, it was not 
possible to view the specimen during the experiment. Thus, it was not possible 
to avoid the Nb solid solution phase and select exclusively areas consisting only 
of Nb3Al phase.
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RESULTS
Introduction
The experimental results of this study will be presented separately for each alloy 
(where possible), starting with microstructural characterisation, followed by 
thermal analysis and the evaluation of room temperature microhardness and 
hardness.
5.1. MICROSTRUCTURAL CHARACTERISATION
5.1.1. Nb-25A1 alloy
The large area EPMA analyses of Nb-25A1 ingots are given in tables 5.1. 
Deviation from the nominal composition was observed for both alloys. This is 
attributed to evaporation of Al during melting (see section 4.1.2).
5.1.1.1. Nb-25A1 as cast ingot
Microstructural studies were carried out on various sections of the ingot. Typical 
microstructures from the middle of the ingot are shown in figure 5.1. Figure 5.1a
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shows three phases, a dark dendritic phase (1), a light phase (2) and an 
intermediate phase (3), which can be distinguished more clearly in figure 5.1b. 
The presence of three phases is in agreement with the XRD data for the ingots 
(see table 5.2), which indicated the existence of Nbss, Nb3Al and Nb2Al in the as 
solidified microstructure.
Table 5.1 : Large EPMA analysis of alloys.
Alloy
Number Nominal Composition
Large area EPMA (at%)
Nb Al Mo Cr Ti
1 Nb-25A1 76.3 23.7 - - -
la* Nb-25A1 74.6 25.4 - - -
2 Nb-18A1 73.4 16.6 - - -
3-2 Nb-18Al-20Mo 62.4 17.3 20.3 - -
3-3 Nb-18Al-30Mo 53.4 16.0 30.6 - -
3-4 Nb-18Al-40Mo 42.1 16.6 41.3 - -
4 Nb-18Al-9Cr-5Ti 68.9 18.0 - 8.0 5.1
* see section 4.1.2 (table 4.2)
The EPM A results for the three phases are given in table 5.3. The intermediate 
phase was the richest in Al followed by the light and the dark phases. With the 
help of the Nb-Al phase diagram (see figure 3.1), it is concluded that the dark 
phase is Nbss, the light phase is Nb3Al and the intermediate phase is Nb2Al. The 
following solidification path is suggested. During cooling primary dendrites of 
Nbss (dark phase) were formed in the melt. When the peritectic reaction 
tem perature was reached some of the remaining liquid reacted with Nbss to form 
Nb3Al + liquid. Upon further cooling the second peritectic reaction was reached 
where liquid reacted with Nb3Al to form Nb2Al. Also the reaction Nbss -» Nbss 
+  Nb3Al occurred during solid state cooling.
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Figure 5.1a : Optical micrograph of as cast Nb-25A1 ingot. Section from middle 
of ingot showing three phases, dark dendritic phase, light phase and intermediate 
phase (see text).
Figure 5.1b : Optical micrograph of as cast Nb-25A1 ingot. Section from middle 
of ingot showing three phases, dark phase (1), light phase (2) and intermediate 
phase (3).
- 62 -
Chapter 5 Results
Table 5.2 : X-ray diffraction data of as cast Nb-25A1 ingot.
20 d Intensity
hkl
Nbss Nb3Al Nb2Al
108.70 0.949 vw 222 521 !
106.34 (K ^) 0.965 vw 520, 432*
96.13 (K .,) 1.038 w 310*
88.00 1.110 vw 332*
85.70 (Kq,) 1.135 w 421*
83.10 1.162 m 220 420
73.00 (K ^) 1.298 vw 400*
70.30 (K *) 1.341 m 211*
67.30 1.391 w 321 202
64.54 1.444 w 320*
61.70 1.503 w 222 222
56.10 (Kq2) 1.642 m 200 310 600
49.53 1.840 vw 220*
42.60 (K ^) 2.126 s 211 631, 532
41.24 (K ^) 2.193 vw 710, 550*
40.20 2.243 vw 413*
38.67 2.329 vs 110 210
37.03 2.427 vw 612*
36.13 2.486 vw 701, 720*
34.40 2.607 m ! 200*
24.13 3.688 w 110*
Nb JCPDS 35-789, Nb3AI JCPDS 12-85, Nb2Al JCPDS 14-458 
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w =  weak, vw = very weak
* Characteristic peak is considered a peak which does not overlap with the peaks of other possible 
phases in the microstructure.
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Table 53  : EPMA analysis of phases in as cast Nb-25A1 ingot.
Phase Nb (at%) Al (at%)
Dark 88.4 11.6
Light 76.4 23.6
Intermediate 70.1 29.9
As discussed in section 3.2.2.2, the Nb-Al solid solution can exhibit ordering. In 
this work electron diffraction was used in order to establish whether Nbss exhibits 
ordering or not. Figure 5.2 shows two selected area diffraction patterns (SADPs) 
of Nbss with the electron beam parallel to the (a) [001] and (b) [Oil] axes. The 
presence of extra spots (superlattice spots) on the SADPs indicates that the Nbss 
in the as cast alloy 1 ingot has the B2 structure and therefore is ordered. An 
additional feature of the [Oil] SADP is a very faint diffuse streaking perpendicular 
to (222).
(a) (b)
Figure 5.2 : SADPs of Nbss phase in as cast Nb-25A1 ingot. Electron beam 
parallel to : (a) [001] and (b) [Oil] axes.
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5.I.I.2. Nb-25A1 as melt-spun ribbons
Microstructural studies were carried out on sections of several ribbons. Figure 5.3 
shows typical optical micrographs of the ribbons which reveal the existence of a 
two zone microstructure in them. The zone A  microstructure is featureless and 
is formed at the bottom of the cross section where the ribbon was in contact with 
the molybdenum wheel and therefore experienced the highest cooling rates during 
solidification. Zone B consists of equiaxed grains and is formed at the top of the 
cross section where the ribbon was in contact with Ar atmosphere (free surface) 
and therefore experienced lower cooling rates than the bottom side (zone A). In 
zone B two phases are present. The existence of two phases in the ribbons was 
confirmed by XRD (see table 5.4), which indicated the presence of Nbss and 
Nb3Al.
Although several peaks of the Nb, Nb3Al and Nb2Al phases can overlap, the 
presence of Nb, Nb3Al and Nb2Al in tables 5.2 and 5.4 can be unambiguously 
identified from diffracted intensities of Nb [(310), 20=95.00° /  (211), 20=69.65°], 
Nb3Al [(421), 20=85.94° / (320), 20=64.99° /  (110), 20=24.40° / ] and Nb2Al 
[(710,550), 20=41.28° / (413), 20=40.39° / (612), 20=37.17°]. Nb3Al peaks were 
displaced slightly to the left (lower 20 values) of the peaks expected from the 
JCPDS card for Nb3Al. The Nb peaks were shifted to the right (higher 20 values) 
of the intensity peaks expected for pure Nb. This indicated the presence of Nbss 
phase with a reduced lattice param eter due to the presence of Al in solid solution.
The results of quantitative analysis by EPMA are summarised in table 5.5. As 
discussed in section 4.2.3 the achieved spatial resolution of EPMA for the alloys 
studied in this work was 1-1.5 pm. Thus the smallest size of a phase that could 
be analysed without interference from neighbouring phases was approximately 1- 
1.5 pm. Therefore, the analysis of the second phase in zone B may have been 
influenced by the surrounding matrix, since the size of the second phase in zone 
B in the ribbons was very small ( ^ 1  pm).
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(a)
(b)
Figure 53  : Optical micrographs of as melt-spun Nb-25A1 ribbons. Sections across 
length of ribbon showing two zone (A and B) microstructure.
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Table 5.4 : X-ray diffraction data of as melt-spun Nb-25A1 ribbons.
20 d Intensity
hkl
Nbss Nb3Al Nb2Al
106.50 (K ^) 0.964 w 520, 432*
96.30 1.035 vw 310*
85.93 (K*) 1.133 w 421*
72.73 1.300 w 400*
70.37 1.338 w 211*
67.40 1.389 w 321 202
64.57 1.443 w 320*
61.80 1.501 w 222 222
56.00 1.642 w 200 310
49.53 1.840 vw 220*
42.50 2.127 s 211 631, 532
38.70 2.327 vs 110 210
34.40 2.607 m 200*
24.10 3.693 m i—»■ o
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w =  weak, vw =  very weak 
Table 5.5 : EPMA analysis of phases in as melt-spun Nb-25A1 ribbons.
Zone Phase Nb (at%) Al (at%)
A M atrix 74.6 25.4
B
M atrix 75.1 24.9
Second phase 74.7 25.3
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Figure 5.4 shows two SADPs of the matrix of as melt-spun alloy la  ribbons. The 
SADPs correspond to the Nbss phase. Furthermore the presence of extra spots 
at the 001 positions of the diffraction patterns reveals that the Nbss in the ribbons 
has the B2 structure and therefore exhibits ordering. As for the Nbss in the as 
cast ingot [see figure 5.2 (b)], in the [Oil] SADP of the Nbss of the as melt-spun 
ribbons diffuse streaking is observed.
(b)
Figure 5.4 : SADPs of the matrix of as melt-spun Nb-25A1 ribbons. Electron 
beam parallel to : (a) [001] and (b) [Oil] axes.
5.1.2. Nb-18A1 alloy
The large area EPMA analysis of as cast alloy 2 ingot is given in table 5.1. 
Deviation from the nominal composition is attributed to evaporation of Al during 
melting (see section 4.1.2).
5.I.2.I. Nb-I8A1 as cast ingot
Typical microstructures of cross sections from the top and bottom of the ingot are 
shown in figure 5.5. Further details of the microstructure are shown in the SEM 
micrograph, figure 5.6. Two phases are present, the matrix (light phase) and a
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second phase (darker phase). This is in agreement with the XRD data of the 
ingot (table 5.6), which indicated the presence of Nbss and Nb3Al.
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Figure 5.5 : Optical micrographs of as cast Nb-18A1 ingot.
(a) Section from near the top surface of the ingot showing two phases, the matrix 
(light phase) and a second phase (darker phase).
(b) Section from near the bottom of the ingot showing two phases, the matrix 
(light phase), a second phase (darker phase) and large equiaxed grains.
In both micrographs the black spots are porosity due to specimen preparation.
- 6 9 -
Chapter 5 Results
Figure 5.6 : SEM micrograph of as cast Nb-18A1 ingot. Section from middle of 
ingot showing morphologies of matrix (light phase) and second phase (darker 
phase).
Table 5.6 : X-ray diffraction data of as cast Nb-18A1 ingot.
20 d Intensity
hkl
Nbss NbjAl NbjAl
109.06 0.947 vw 222 521
96.03 1.037 vw 310*
70.20 1.341 m 211*
67.67 1.385 vw 321 202
64.70 1.441 vw 320*
56.07 1.640 vs 200 310 600
42.64 2.120 w 211 631, 532
38.84 2.319 vs 110 210
24.20 3.677 vw 110*
* characteristic peak indicated by asterisk
vs =  very strong, s = strong, m =  medium, w =  weak, vw = very weak
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The results of quantitative analysis by EPM A are given in table 5.7. The matrix 
was leaner in Al than the second phase. Considering the Nb-Al phase diagram 
(see figure 3.1), it is concluded that the matrix is Nbss and the second phase is 
Nb3Al.
Table 5.7 : EPMA analysis of phases in as cast Nb-18A1 ingot.
Phase Nb (at%) Al (at%)
Matrix 
(light phase) 84.7 15.3
Second phase 
(darker phase) 78.6 21.4
Near the bottom of the ingot [figure 5.5(b)] large equiaxed grains of Nbss (matrix) 
were observed. Their size varied from approximately 200 to 600 pm. Nb3Al 
(second phase) was present mainly at grain boundaries but also within the grains. 
In contrast, near the top of the ingot [figure 5.5 (a)] Nb3Al was homogeneously 
distributed. It was also noted that the amount of Nb3Al was higher near the top 
than near the bottom of the ingot. This is attributed to the lower cooling rate at 
the top of the ingot compared with the high cooling rates (<. 103 K/s) experienced 
at the bottom of the ingot which was in direct contact with the water-cooled 
copper hearth, an effective heat sink.
SADPs of the Nbss in figure 5.7 show that it has the B2 structure (extra spots at 
the 001 positions) and therefore it exhibits ordering. Furthermore, a central dark 
field (CDF) image using (001)B2 reveals fine B2 ordered domains in a disordered 
A2 matrix [figure 5.7(a)]. The [011] SADP exhibits diffuse streaking as in the case 
of the as cast ingot and the as melt-spun ribbons of the Nb-25A1 alloy [see figures 
5.2(b) and 5.4(b)].
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Figure 5.7 : (a) CDF image of Nbss of as cast Nb-18A1 ingot showing ordered B2 
domains in a disordered A2 matrix, (b) and (c) SADPs of Nbss of as cast alloy 2 
ingot. Electron beam parallel to : (b) [001] and (c) [Oil] axes.
5.I.2.2. Nb-18A1 heat-treated ingots
Typical microstructures of specimens from cross sections from the top and the 
bottom of the ingot are shown in the SEM micrographs in figures 5.8, 5.9 and 5.10 
for ingots heat-treated at 1073 K, 1273 K and 1473 K respectively. Two phases 
are present, a light phase (1) and a darker phase (2). The light phase is 
protruding off the surface. The relief on the surface of the specimens is due to 
etching.
The results of quantitative analysis by EPMA are given in table 5.8. The darker 
phase (2 in figures 5.8 to 5.10) was richer in Al than the light phase for heat-
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treated ingots. It is concluded that the darker phase is Nb3Al and the light phase 
is Nbss.
SADPs of the Nbss in the heat-treated ingots are shown in figures 5.11, 5.12 and 
5.13 respectively. The TEM micrograph in figure 5.14 shows the existence of 
antiphase domain boundaries in the Nbss of the 1073 K heat-treated ingot.
Table 5.8 : EPMA analysis of phases in heat-treated ingots of Nb-18A1 alloy.
Heat treatment Phase Nb (at%) Al (at%)
1073 K Light 84.6 15.4
24 h Darker 78.3 * I f e i
1273 K Light 87.3 12.7
24 h Darker jj: 79.9
1473 K Light 95.4 4.6
24 h • Darker | ; 79.9 ^ I H  m i
The microstructure of the ingot heat-treated at 1073 K [figure 5.8 (a) and (b)] was 
not changed compared to the as cast ingot [see figure 5.5 (a) and (b)] and the 
compositions of Nbss and Nb3Al had not altered either (see tables 5.7 and 5.8). 
In contrast the microstructures of the ingots heat-treated at 1273 K and 1473 K 
[see figures 5.12 (a) and (b) and 5.13 (a) and (b)] had changed significantly and 
were accompanied by changes in the composition of Nbss (see table 5.8).
In the microstructures of the heat-treated specimens taken from near the bottom 
of the ingots [see figures 5.9(b) and 5.10(b) for ingots heat-treated at 1273 K and 
1473 K respectively] the matrix was the precipitated Nb3Al (dark phase) and Nbss 
(light phase) was very fine and homogeneously distributed leading to the 
formation of a stringy type microstructure. Near the top of the ingot heat-treated 
at 1273 K [figure 5.9(a)] three distinct areas were observed, an area consisting 
only of Nb3Al, a two phase (Nb3Al and Nbss) area having the same stringy 
morphology as the microstructure at the bottom of the ingot [figure 5.9(b)] and
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an area consisting only of Nbss. The Nb3Al and Nbss single phase areas were 
formed in the as cast ingot and remained unchanged after heat treatment. The 
two phase microstructure was formed by the solid state phase transformation 
Nbss -  Nbss +  Nb3Al. Near the top of the ingot heat-treated at 1473 K [figure 
5.10(a)] only two distinct areas were observed, an area consisting only of Nb3Al 
and a two phase (Nb3Al and Nbss) area having the same stringy morphology as 
the microstructure at the bottom of the ingot [figure 5.10(b)].
Considering the compositions of the phases (tables 5.7 and 5.8), it is seen that, 
during heat treatment at 1273 K and at 1473 K the Nbss was depleted in Al while 
the composition of Nb3Al remained almost unchanged.
The SADPs of Nbss revealed that Nbss has the B2 structure and therefore 
exhibits ordering in the ingots heat-treated at 1073 K and 1273 K (figures 5.11 and 
5.12). It should be noted that the relative intensity of the superlattice spots (extra 
spots) compared to the intensity of the fundamental spots varies among the as 
cast and the heat-treated ingots, being weak in the as cast ingot (figure 5.7), 
strong in the ingot heat-treated at 1073 K (figure 5.11) and very weak in the ingot 
heat-treated ingot at 1273 K (figure 5.12). In the [Oil] SADPs of the ingots heat- 
treated at 1073 K and 1273 K diffuse streaking is also present. The phenomenon 
of diffuse streaking, which appeared in several cases (alloy 1 as cast ingot and as 
melt-spun ribbons etc.) will be discussed in section 5.1.2.3. The SADPs of Nbss 
of the ingot heat-treated at 1473 K (figure 5.13) show that it is disordered having 
the A2 structure.
The TEM  micrograph in figure 5.14 shows antiphase domain boundaries in the 
ordered Nbss of the ingot heat-treated at 1073 K. The existence of these 
antiphase boundaries indicates that at 1073 K the Nbss was disordered and 
ordered while cooling after the heat treatment.
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(b)
Figure 5.8 : SEM micrographs of heat-treated ingot of Nb-18A1 alloy 
(1073 K / 24 h). (a) Section from area near top surface of ingot showing two 
phases, a light phase (1, Nbss) and a darker phase (2, Nb3Al). (b) Section from 
area near bottom of ingot showing two phases, a light phase (Nbss) and a darker 
phase at the grain boundaries (Nb3Al).
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(b)
Figure 5.9 : SEM micrographs of heat treated-ingot of Nb-18AI alloy 
(1273 K / 24 h). (a) Section from area near top surface of ingot showing two 
phases, a light phase (Nbss) and a darker phase (Nb3Al). (b) Section from area 
near bottom of ingot showing a stringy morphology with two phases, a light phase 
(Nbss) and a darker phase (Nb3Al).
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Figure 5.10 : SEM micrographs of heat treated-ingot of Nb-18A1 alloy 
(1473 K / 24 h). (a) Section from area near top surface of ingot showing two 
phases, a light phase (Nbss) and a darker phase (Nb3Al). (b) Section from area 
near bottom of ingot showing a stringy morphology with two phases, a light phase 
(Nbss) and a darker phase (Nb3Al).
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(a) (b)
Figure 5.11 : SADPs of Nbss of heat-treated ingot of Nb-18A1 alloy 
(1073 K / 24 h). Electron beam parallel to : (a) [001] and (b) [Oil] axes.
(a) (b)
Figure 5.12 : SADPs of Nbss of heat-treated ingot of Nb-18A1 alloy 
(1273 K / 24 h). Electron beam parallel to : (a) [001] and (b) [011] axes.
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(a) (b)
Figure 5.13 : SADPs of Nbss of heat-treated ingot of Nb-18A1 alloy 
(1473 K / 24 h). Electron beam parallel to : (a) [001] and (b) [Oil] axes.
Figure 5.14 : TEM micrograph of Nbss of heat-treated ingot of Nb-18A1 alloy 
(1073 K / 24 h) showing antiphase domain boundaries (APBs).
- 79 -
Chapter 5 Results
5.I.2.3. Nb-18A1 as melt-spun ribbons
Microstructural studies were carried out on sections of several ribbons. Figure 
5.15 shows typical micrographs of their microstructure. Figure 5.15(a) reveals the 
existence of a two zone microstructure in the ^180 pm thick ribbon, as in the as 
melt-spun ribbons of alloy la  (see section 5.1.1.2). Zones A and B consisted of 
equiaxed grains with precipitation of a second phase being evident in zone B. The 
thin ribbon (^40 pm) in figure 5.15(b) contained only a single phase of columnar 
grain morphology. The grain size of the ribbons varied approximately from 2 to 
20 pm. The presence of two phases in zone B was in agreement with the XRD 
results of as melt-spun alloy 2 ribbons (see table 5.9), which indicated the 
presence of Nbss and Nb3Al.
Table 5.9 : X-ray diffraction data of as melt-spun Nb-18A1 ribbons.
20 d Intensity
hkl
Nbss Nb3Al NbjAl
109.27 ( K ^ 0.947 vw 222 521
96.23 (Kq,) 1.037 w 310*
83.47 (K ^) 1.160 w 220 420
70.43 (K ^) 1.339 s 211*
56.17 (K ^) 1.640 s 200 310 600
38.83 2.319 vs 110 210
25.40 3.507 vw 110*
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
The results of the quantitative analysis by EPMA are summarised in table 5.10,
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and show that the matrix contains less Al than the second phase. Considering the 
Nb-Al phase diagram (see figure 3.1), it is concluded that the matrix is Nbss and 
the second phase is Nb3Al.
Table 5.10 : EPMA analysis of phases in as melt-spun Nb-18A1 ribbons.
Ribbon Phase Nb (at%) Al (at%)
Thick 
[fig. 5.16(a)]
Matrix 83.8 16.8
Second phase 80.3 19.7
Thin 
[fig. 5.16(b)] Matrix 83.1 16.9
A  typical bright field TEM  image from a thin ribbon is shown in figure 5.16(a) 
and reveals the existence of single phase Nbss. The crystal structure of Nbss in 
the thin and thick ribbons was B2, see SADPs in figure 5.16[(b) and (c)], 
confirming that the Nb solid solution in the ribbons exhibits ordering. Despite 
great efforts antiphase domain boundaries (APBs) were not observable in the as 
melt- spun ribbons. On the [Oil] SADP diffuse streaking is observed similar to 
previous [Oil] SADPs of Nbss in the as cast ingots and as melt-spun ribbons of 
alloy 1 and the as cast and heat-treated ingots of alloy 2.
As discussed in section 3.2.2.3, it has been suggested that <o formation may occur 
by solid state transformation from a metastable bcc phase formed in later- 
transition-metal-based alloy systems such as Nb-Al. Shao et al. (1995 A) also gave 
the reciprocal construction of the bcc + <o structure, which is shown in figure 5.17 
together with the corresponding [Oil] pattern. Comparison of the [Oil] SADP 
of the Nbss of the as melt-spun ribbons of Nb-18A1 (figure 5.16) with the 
predicted [Oil] pattern [figure 5.17(b)], shows that the diffuse streaking observed 
in this work is in good agreement with that arising from the diffuse <o-phase.
- 81 -
Chapter 5 Results
(b)
Figure 5.15 : Optical micrographs of as melt-spun Nb-18A1 ribbons showing: (a) 
a thick ribbon (~180 pm) exhibiting two zone microstructure and (b) a thin ribbon 
(~40 pm) with single phase columnar grain morphology.
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(a)
Figure 5.16 : (a) Bright field TEM image from a thin as melt-spun Nb-18A1 
ribbon, and (b)and (c) SADPs of Nbss. Electron beam parallel to : (b) [001] and 
(c) [Oil] axes.
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Figure 5.17 : (a) Reciprocal construction of the bcc +  <o structure and 
(b) predicted [Oil] pattern (Shao et al., 1995 A).
5.1.2.4. Nb-18A1 heat-treated ribbons 
723 K / 1000 h
SADPs of Nbss of ribbons heat-treated at 723 K for 1000 h are shown in 
figure 5.18 and reveal that Nbss exhibits ordering (B2 structure). The (o-phase 
diffuse streaking is also present in the [011] SADP. The TEM  micrograph in 
figure 5.19 is a dark field image of the Nbss using the 001 superlattice spot. The 
bright particles are extremely fine ordered domains, smaller than 5 nm in size.
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(a) (b)
Figure 5.18 : SADPs of Nbss of Nb-18A1 ribbons heat-treated at 723 K for 1000 h. 
Electron beam parallel to : (a) [001] and (b) [011] axes.
Figure 5.19 : TEM dark field micrograph of Nbss of Nb-18A1 ribbons heat-treated 
at 723 K for 1000 h showing very fine B2 ordered domains within the A2 matrix.
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973 K / 500 h
Figure 5.20 shows a TEM micrograph of the microstructure of the heat-treated 
ribbons of Nb-18A1 alloy. Besides the matrix, a second phase is present, which 
has precipitated in a needle-like form. The length of the precipitates is 
approximately 200 nm. The SADPs taken from the matrix (figure 5.21) 
correspond to the B2 ordered structure of Nbss and the [011] SADP contains <o - 
phase diffuse streaking. The TEM  micrograph of Nbss in figure 5.22 reveals the 
existence of antiphase domain boundaries indicating that at 973 K the Nbss was 
disordered and ordered while cooling after the heat treatment.
The SADPs from the region of the second phase precipitates, shown in figure 5.23 
correspond to [001]B2, [011]B2, [111]B2 and [113]B2 matrix (Nbss, B2 structure) 
zones. As discussed in section 3.2.2.3, Hou et al. (1994) have reported that in the 
Nb-15Al-10Ti (at%) alloy the o-phase precipitates from the supersaturated Nb 
solid solution after heat treatment at 973 K for 500 h. Hou (1994) reported that 
the lattice parameters of the o-phase are fully commensurate with the matrix 
(Nbss with the B2 structure), i.e. aG=2aB2, bQ=2\/2aB2 and c0=V2aB2, where aB2 is 
the lattice param eter of the matrix. Furthermore, it was shown that the zone axes 
of the o-phase are exactly parallel to the matrix zones. The SADPs along the 
[001]B2, [011]B25 [1 1 1 k  anc* [H3]B2 zone axes of the matrix were also calculated 
by Hou and are shown in figure 5.24.
If the SADPs of the second phase precipitates of figure 5.23 are compared with 
the calculated SADPs of figure 5.24, it is clear that the calculated SADPs match 
very well the experimental ones. Therefore it is proposed that the fine 
precipitates are the o-phase. EDX thin film analysis of the heat treated ribbons 
showed that the Nbss and the o-phase had compositions 83.8Nb-16.2Al and 
80.7Nb-19.3Al respectively. It should be noted that the o-phase was very fine and 
thus the determined composition might have been influenced by the Nbss.
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Figure 5.20 : TEM micrograph of Nb-18A1 ribbons heat-treated at 973 K for 
500 h, showing the Nbss matrix and needle-shape precipitates of a second phase.
(a) (b)
Figure 5.21 : SADPs of the Nbss matrix of Nb-18A1 ribbons heat-treated at 973 
K for 500 h. Electron beam parallel to : (a) [001] and (b) [011] axes.
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Figure 5.22 : TEM micrograph of Nbss of Nb-18A1 ribbon heat-treated at 973 K 
for 500 h showing antiphase domain boundaries (APBs).
(c) (d)
Figure 5.23 : SADPs of the second phase region of Nb-18A1 ribbons heat-treated 
at 973 K for 500 h. Electron beam parallel to : (a) [001]B2, (b) [011]B2, (c) [111]B2 
and (d) [113]B2 matrix axes (matrix is Nbss B2 structure).
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(a)
(c)
(b)
(d)
Figure 5.24 : Calculated SADPs of the o phase precipitates in the B2 matrix, 
corresponding to : [001]B2, (b) [011]B2, (c) [111]B2 and (d) [113]B2 B2 matrix zone 
axes (Hou, 1994).
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5.13. Nb-18Al-xMo alloys
The large area EPM A analyses of as cast ingots of alloys 3-2, 3-3 and 3-4 are 
given in table 5.1. Deviations from the nominal compositions were attributed to 
evaporation of Al during melting (see section 4.1.2).
5.13.1. Nb-18Al-xMo as cast ingots (x =  20, 30, 40)
Microstructural studies were carried out on various sections of the as cast ingots 
of the three alloys. The microstructures of the as cast ingots of all alloys were 
very similar. Typical microstructures from the top and the bottom of the ingots 
are shown in figures 5.25 and 5.26 for alloys 3-2 and 3-4 respectively. Two phases 
are present, the matrix (light phase) and a second phase (darker phase) which are 
shown in more detail in the SEM micrographs in figure 5.27. With the help of the 
XRD data (see tables 5.11 to 5.13), these phases were identified as (Nb,Mo)ss and 
(Nb,Mo)3Al respectively.
The results of EPM A analysis performed for alloys 3-2, 3-3 and 3-4 are given in 
table 5.14 and show that the matrix is less rich in Al than the second phase and 
that the Mo content of the matrix is the same as the alloy composition. Thus it 
is concluded that the matrix is (Nb,Mo)ss and the second phase is (Nb,Mo)3Al.
Near the bottom  of the ingot [figures 5.25(b) and 5.26(b)] only large equiaxed 
grains of (Nb,Mo)ss (matrix) were observed. The grain size varied from 
approximately 200 to 600 pm for alloy 3-2, and from 100 to 400 pm for alloys 
3-3 and 3-4. No second phase was observed at the bottom of the ingot. In 
contrast, near the top of the ingots [figures 5.25(a) and 5.26(a)] a small amount 
of (Nb,Mo)3Al was present. This phase was not evenly distributed but could be 
found only in some areas of the ingots.
Chapter 5 Results
Table 5.11 : X-ray diffraction data of as cast Nb-18Al-20Mo ingot.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3Al
97.33 1.027 vw 310*
84.50 1.147 vw 220 420
71.00 1.328 vs 211*
56.53 1.628 s 200 310
39.13 2.302 vs 110 210
Mo JCPDS 4-809, Mo3A1 JCPDS 11-18 
* characteristic peak indicated by asterisk
vs — very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
Table 5.12 : X-ray diffraction data of as cast Nb-18Al-30Mo ingot.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3Al
111.57 0.932 vw 222 521
97.97 1.022 s 310*
85.00 1.141 m 220 420
71.57 1.318 vs 211*
57.03 1.615 s 200 310
43.23 2.093 vw 211*
39.47 2.283 vs 110 210
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
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Table 5.13 : X-ray diffraction data of as cast Nb-18Al-40Mo ingot.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3Al
98.37 1.019 w 310*
85.27 1.138 w 220 420
71.70 1.316 s 211*
56.90 1.618 s 200 310
39.43 2.285 vs 110 210
26.60 3.351 vw 110*
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w = weak, vw =  very weak
Table 5.14 : EPMA analysis of phases in as cast ingots of Nb-18Al-xMo alloys.
Alloy
Number
Phase
Matrix Second Phase
Nb Al Mo Nb Al Mo
3-2 62.8 16.8 20.4 62.0 21.8 16.2
3-3 53.5 15.6 30.9 52.3 24.0 23.7
3-4 42.6 16.0 41.4 42.2 19.8 38.0
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(b)
Figure 5.25 : Optical micrographs of as cast Nb-18Al-20Mo ingot.
(a) Section from area near top surface of ingot showing two phases, the matrix 
(light phase) and a second phase (darker phase).
(b) Section from area near bottom of ingot showing large equiaxed grains of 
matrix.
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(a)
Figure 5.26 : Optical micrographs of as cast Nb-18Al-40Mo ingot.
(a) Section from area near top surface of ingot showing two phases, the matrix 
(light phase) and a second phase (darker phase).
(b) Section from area near bottom of ingot showing large equiaxed grains of the 
matrix.
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Figure 5.27 : SEM micrographs of as cast ingots of Nb-18Al-30Mo (a) and Nb- 
18Al-40Mo (b) showing details of the morphology of matrix and second phase.
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Regarding the structure of (Nb,Mo)ss in the as cast ingots, the SADPs in figures 
5.28, 5.29 and 5.30 for alloys 3-2, 3-3 and 3-4 respectively, reveal that (Nb,Mo)ss 
has the B2 structure and therefore exhibits ordering only in alloys 3-2 and 3-3. 
In contrast, the (Nb,Mo)ss in alloy 3-4, has the A2 structure and is disordered. 
Furthermore, central dark field (CDF) images, like the one shown in figure 
5.29(a) for alloy 3-3 using (001)B2, revealed fine B2 ordered domains in a 
disordered A2 matrix for both alloys 3-2 and 3-3. Comparison of the SADPs of 
Nbss of the as cast ingots of alloys 2, 3-2 and 3-3 (figures 5.7, 5.28 and 5.29 
respectively), shows that the relative intensity of the superlattice spots 
progressively gets weaker and weaker as we move from the binary alloy to the 
ternary ones with 20 and 30 Mo. Diffuse <*) streaking is present in all three [Oil] 
SADP from alloys 3-2, 3-3 and 3-4 [(figures 5.28(b), 5.29(c) and 5.30(b)].
Figure 5.28 : SADPs of (Nb,Mo)ss in as cast Nb-18Al-20Mo ingot. Electron beam 
parallel to : (a)[001] and (b) [Oil] axes.
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Figure 5.29 : (a) CDF image of (Nb,Mo)ss of as cast Nb-18Al-30Mo ingot showing 
ordered B2 domains in a disordered A2 matrix, (b) and (c) SADPs of Nbss of as 
cast alloy 2 ingot. Electron beam parallel to : (b) [001] and (c) [Oil] axes.
Figure 530 : SADPs of (Nb,Mo)ss in as cast Nb-18Al-40Mo ingot. Electron beam 
parallel to : (a) [001] and (b) [011] axes.
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5.13.2. Nb-18Al-xMo heat-treated ingots (x = 20, 30, 40)
Typical microstructures of the heat-treated ingots of alloy 3-2 are shown in figures 
5.31, 532 and 533 for heat-treatments at 1073 K, 1273 K and 1473 K respectively. 
Typical microstructures for the ingots of alloy 3-4 heat-treated at 1273 K and 1473 
K are shown in figures 5.34 and 5.35 respectively. Two phases are present in all 
cases, a light phase (protruding off the surface) and a darker phase.
The results of EPMA analysis are given in table 5.15 for the heat-treated ingots 
of alloys 3-2 and 3-4 respectively. The darker phase was richer in Al than the 
light phase. It is concluded that the darker phase is (Nb,Mo)3Al and the light 
phase is (Nb,Mo)ss.
SADPs of the (Nb,Mo)ss in the ingots heat-treated at 1073 K, 1273 K and 1473 K 
are shown in figures 5.36 and 5.37 for alloys 3-2 and 3-4 respectively.
Table 5.15 : EPMA analysis of phases in heat-treated ingots of Nb-18Al-20Mo and 
Nb-18Al-40Mo alloys.
Alloy Heat-treatment Phase Nb(at%) Al(at%) Mo(at%)
Alloy
3-2
1073 K 
24 h
Light 64.2 15.9 19.9
Darker 62.1 23.3
1273 K 
24 h
Light
Darker
65.3
rrrr fffww.w.'AW.ww. • 
62.0
14.5ffftt P fWW.V.WWMWW' 
21.2
20.2
PfWWWWMJftMWWWwB
i f  usm
1473 K 
24 h
Light 70.7 7.8 21.5
Darker 16.6 ; f '
Alloy
3-4
1073 K 
24 h
1273 K 
24 h
Light 43.7 15.6 40.7
Darker
Light
43.6
42.6
|  3 3 5  . 
1 42 J I l H l t
43.2
Darker 43.9 19.5 |  36.6 §j
1473 K 
24 h
Light
Darker
42.5
38.8
13.3
22.9
44.2 
..... 383......
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(b)
Figure 531 : SEM micrographs of heat-treated ingot of Nb-18Al-20Mo alloy 
(1073 K / 24 h). (a) Section from area near top surface of ingot showing two 
phases, a light phase [(Nb,Mo)ss] and a darker phase [(Nb,Mo)3Al]. (b) Section 
from area near bottom of ingot showing only one phase [(Nb,Mo)ss].
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Figure 532 : SEM micrographs of heat-treated ingot of Nb-18Al-20Mo alloy 
(1273 K / 24 h). Section from area near bottom of ingot showing a stringy 
morphology with two phases, a light phase [(Nb,Mo)ss] and a darker phase 
[(Nb,Mo)3Al].
Figure 533 : SEM micrographs of heat-treated ingot Nb-18Al-20Mo alloy
(1473 K / 24 h). Section from area near bottom of ingot showing a stringy 
morphology with two phases, a light phase [(Nb,Mo)ss] and a darker phase 
[(Nb,Mo)3Al].
-  1 0 0 -
Chapter 5 Results
Figure 534 : SEM micrographs of heat-treated ingot of Nb-18Al-40Mo alloy 
(1273 K / 24 h). Section from area near middle of ingot showing two areas, a 
single phase (Nb,Mo)ss area and a two phase area exhibiting stringy morphology 
with a light phase[(Nb,Mo)ss] and a darker phase [(Nb,Mo)3Al].
4
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Figure 535 : SEM micrographs of heat-treated ingot of Nb-18Al-40Mo alloy 
(1473 K / 24 h). Section from area near middle of ingot showing two areas, a 
single phase (Nb,Mo)ss area and a two phase area exhibiting stringy morphology 
with a light phase[(Nb,Mo)ss] and a darker phase [(Nb,Mo)3Al].
-  1 0 1  -
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Figure 536 : SADPs of (Nb,Mo)ss of heat-treated ingots of Nb-18Al-20Mo alloy. 
Heat-treated ingot at 1073 K / 24 h [(al)-(a2)], at 1273 K / 24 h [(bl)-(b2)], at 
1473 K / 24 h [(cl)-(c2)]. Electron beam parallel to : (a l), (b l), (c l) [001] and 
(a2), (b2),(c2) [Oil] axes.
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Figure 537 : SADPs of (Nb,Mo)ss of heat-treated ingots of Nb-18Al-40Mo alloy. 
H eat-treated ingot at 1073 K / 24 h [(al)-(a2)], at 1273 K / 24 h [(bl)-(b2)], at 
1473 K / 24 h [(cl)-(c2)]. Electron beam parallel to : (a l), (b l), (c l) [001] and 
(a2), (b2),(c2) [Oil] axes.
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Figure 538 : TEM micrograph of (Nb,Mo)ss of heat-treated ingot of Nb-18A1- 
20Mo alloy (1073 K / 24 h) showing antiphase domain boundaries (APBs).
The microstructure of alloy 3-2 ingot heat-treated at 1073 K (figure 5.31) was not 
changed compared to the as cast ingot (see figure 5.25). The compositions of 
(Nb,Mo)ss and (Nb,Mo)3Al had not altered considerably either (see tables 5.14 
and 5.15). In contrast, the microstructures of the ingots heat-treated at 1273 K 
and 1473 K (see figures 5.32 and 5.33) had changed significantly, exhibiting a 
stringy type microstructure of very fine (Nb,Mo)ss homogeneously distributed 
within (Nb,Mo)3Al, similar to the microstructures of the heat-treated ingots of 
Nb-18A1 [see figures 5.9(b) and 5.10(b)].
Considering the compositions of the phases (tables 5.14 and 5.15), it is shown that, 
during heat treatment at 1273 K and 1473 K the (Nb,Mo)ss became depleted in 
Al while the composition of (Nb,Mo)3Al remained almost unchanged.
As for alloy 3-2, the microstructure of alloy 3-4 ingot did not change after heat 
treatm ent at 1073 K. Furthermore, the stringy morphology of (Nb,Mo)ss and 
(Nb,Mo)3Al had also developed in the ingots heat-treated at 1273 K and 1473 K
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but not to the same extent as in alloys 2 and 3-2, as shown in figures 5.34 and 
5.35.
The SADPs of (Nb,Mo)ss of alloy 3-2 in figure 5.36 reveal that the solid solution 
has the B2 structure and therefore exhibits ordering both in the ingots heat- 
treated at 1073 K and at 1273 K. It should be noted that the relative intensity of 
the superlattice spots (extra spots) compared to the intensity of the fundamental 
spots varies among the as cast and the heat-treated ingots, being very weak in the 
former (figure 5.28), strong in the ingot heat-treated at 1073 K (figure 5.36) and 
very weak in the ingot heat-treated at 1273 K (figure 5.36). The TEM  micrograph 
in figure 5.38 shows antiphase domain boundaries (APBs) in the ordered 
(Nb,Mo)ss of the ingot heat-treated at 1073 K. For alloy 3-4, the SADPs in figure 
5.38 reveal that the (Nb,Mo)ss exhibits ordering after heat treatm ent at 1073 K 
and 1273 K but the relative intensity of the superlattice spots is extremely weak 
in both cases. In the ingots of alloys 3-2 and 3-4, the (Nb,Mo)ss was disordered 
after heat treatm ent at 1473 K as shown in the SADPs of figures 5.36 and 5.37. 
In all [Oil] SADPs of the ingots of alloys 3-2 and 3-4 heat-treated at 1073 K, 1273 
K and 1473 K <o diffuse streaking was also observed.
5.I.3.3. Nb-18Al-xMo as melt-spun ribbons (x = 20, 30, 40)
Microstructural studies were carried out on sections of several as melt-spun 
ribbons of alloys 3-2, 3-3 and 3-4. Figure 5.39 shows typical SEM micrographs of 
the cross sections of as melt-spun ribbons and confirms that the microstructures 
of the ribbons of alloys 3-2, 3-3 and 3-4 were similar. The microstructure 
consisted of equiaxed grains of one phase only. The grain size decreased from the 
top towards the bottom of the cross section, where the ribbon was in contact with 
the molybdenum wheel and experienced the highest cooling rates during 
solidification. At the very bottom of the cross section the microstructure appeared 
featureless. This is probably because the size of the grains in this area was too
- 105 -
Chapter 5 Results
small to be effectively resolved in the SEM. In the ribbons the grain size varied 
approximately from less than 1 to 10 pm. The existence of only one phase in the 
as melt-spun ribbons of the three alloys is in agreement with the XRD results 
(see tables 5.16, 5.17 and 5.18), which indicated the presence of (Nb,Mo)ss.
The results of analysis by EPMA, table 5.19, show that the compositions of 
(Nb,Mo)ss in the ribbons and ingots were similar (see table 5.14).
Regarding the crystal structure of (Nb,Mo)ss, the SADPs in figure 5.40 reveal that 
it has the A2 structure and therefore the solid solution exhibits no ordering in the 
as melt-spun ribbons of all the Mo containing ternary alloys.
Table 5.16 : X-ray diffraction data of as melt-spun alloy 3-2 ribbons.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3AI
97.60 (Kq2) 1.026 w 310*
84.60 (K ^) 1.147 w 220 420
71.28 ( K ^ 1.325 vs 211*
56.81 (K ^) 1.623 s 200 310
39.20 2.302 vs 110 210
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
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Table 5.17 : X-ray diffraction data of as melt-spun alloy 3-3 ribbons.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3Al
112.00 (K*2) 0.931 vw 222 521
98.37 (Kg2) 1.020 s 310*
85.20 (K j2) 1.141 m 220 420
71.67 1.317 vs 211*
57.10 1.613 s 200 310
39.50 2.281 vs 110 210
* characteristic peak indicated by asterisk 
vs =  very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
Table 5.18 : X-ray diffraction data of as melt-spun alloy 3-4 ribbons.
20 d Intensity
hkl
(Nb,Mo)ss (Nb,Mo)3Al
112.90 ( K ^ 0.927 vw 222*
99.07 ( K ^ 1.015 w 310*
85.77 (K ^) 1.135 w 220 420
72.23 ( K ^ 1.310 s 211*
57.43 1.604 s 200 310
39.77 2.267 vs 110 210 |
vs =  very strong, s — strong, m =  medium, w =  weak, vw =  very weak
Table 5.19 : EPM A analysis of phases in as melt-spun ribbons of Nb-18Al-xMo 
alloys.
Alloy Phase (Nb,Mo)ss
Number Nb (at%) 1 Al (at%) | Mo (at%)
3-2 62.2 | 17.3 20.5
3-3 54.1 15.9 30.0
3-4 42.4 16.6 41.0
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Figure 539 : SEM micrographs of as melt-spun ribbons of alloys (a) Nb-18A1- 
20Mo, (b) Nb-18Al-30Mo and (c) Nb-18Al-40Mo.
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(al) (a2)
(cl) (c2)
Figure 5.40 : SADPs of (Nb,Mo)ss of as melt-spun ribbons of Nb-18Al-20Mo 
[(al)-(a2)], Nb-18Al-30Mo [(bl)-(b2)] and Nb-18AJ-40Mo [(cl)-(c2)] alloys. 
Electron beam parallel to : (a l), (b l), (c l) [001] and (a2), (b2),(c2) [Oil] axes.
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5.13.4. Nb-18Al-xMo heat-treated ribbons (x = 20, 30, 40)
In order to investigate if precipitation of the o-phase occurs in the Nb-Al-Mo 
system as it does in the Nb-Al system (see section 5.1.2) and the Nb-Al-Ti system 
(see section 3.2.2.3), ribbons of the three Mo containing alloys were heat-treated 
at 973 K for 500 h. This is the same heat treatment that was performed on the 
ribbons of Nb-18A1 (see section 5.1.2.4). In all alloy ribbons very fine precipitates 
of a second phase were observed within the (Nb,Mo)ss as shown in the TEM 
micrographs in figure 5.41. The particles of the second phase were not evenly 
distributed within (Nb,Mo)ss, but precipitated on and close to the grain 
boundaries. Furthermore, the amount of the second phase decreased significantly 
from alloy 3-2 to alloys 3-3 and 3-4. Figures 5.42, 5.43 and 5.44 show [001], [011], 
[111], [012] and [013] SADPs taken from (Nb,Mo)ss + second phase areas, from 
alloys 3-2, 3-3 and 3-4 respectively.
(a) (b)
Figure 5 .41 : TEM micrographs from heat-treated ribbons of Nb-18Al-20Mo and 
Nb-18Al-30Mo alloys (973 K / 500 h), showing very fine particles of a second 
phase within the (Nb,Mo)ss. (a) Nb-18Al-20Mo, bright field image; (b) Nb-18A1- 
30Mo, dark field image.
-  1 1 0 -
Chapter 5 Results
(d) (e)
Figure 5.42 : SADPs taken from (Nb,Mo)ss + second phase area, from Nb-18A1- 
20Mo heat-treated ribbons (973 K / 500 h). Electron beam parallel to (a) [001 ]B2, 
(a l)  tilting around (110) off [001]B2, (b) [011]B2, (c) [111]B2, (d) [012]B2 and 
(e) [H 3]B2.
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(e)
Figure 5.43 : SADPs taken from (Nb,Mo)ss + second phase area, from Nb-18A1- 
30Mo heat-treated ribbons (973 K / 500 h). Electron beam parallel to (a) [001]B2, 
(b) [011k* (c) [1111k, (d) [012]B2 and (e) [113]B2.
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(e)
Figure 5.44 : SADPs taken from (Nb,Mo)ss -I- second phase area, from Nb-18A1- 
40Mo heat-treated ribbons (973 K / 500 h). Electron beam parallel to (a) [001]B2, 
(b) [011]B2, (c) [111]B2, (d) [012]B2 and (e) [113]B2.
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Comparing the diffraction patterns in figures 5.42, 5.43 and 5.44, it is clear that 
they correspond to the same phase. Therefore, the second phase appearing in the 
heat-treated ribbons of the three alloys containing Mo is the same for all alloys. 
However, the SADPs of this phase do not correspond to the predicted SADPs of 
the o-phase (see figure 5.24).
It is suggested, that this second phase is an <o-type phase like the ones reported 
by Silcock et al. (1955) and Benderesky et al. (1990). The orientation relationship 
between <o and A2 (Silcock et al., 1955) and between <o” and B2 (Benderesky et 
al., 1990) is [111]a2/b2//[°001Lao” and (110)a2/B2//(1120)U)/u)„. However this 
orientation relationship cannot explain the existence of extra spots at 1/3 {1 1 0 }B2 
and %{110}B2 in the diffraction patterns [e.g. [001]B2 and [ l l l ] B 2  SADPs in figure 
5.42]. It should be noted here that these reflections were not the result of double 
diffraction since they were not eliminated by tilting around (110) as shown in 
figure 5.42 (a l). An orientation relationship that can explain the existence of the 
above extra spots is [111]B2//[0001]W» and (110)B2//(0lT0)w«, where <o* is a new <o- 
type structure with lattice parameters :
aw* == 61/2aB2 
cw* = 31/2&B2
If this were the case , then the diffraction patterns in figures 5.42, 5.43 and 5.44 
should be the superpositions of the following four variants originated by the new 
orientation relationship:
VI [111]B2//[0001]U)* , (lO TV /tlO TO )^
V2 [Tll]B2//[0001]u* , (101)B2//(10T0)W* 
V3 [1T1]B2//[0001]W, , (10T)B2//(10T0)w, 
V4 [11T]B2//[0001L», (101)B2//(10T0)W.
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Based on the above hypothesis, the [001]B2, [1T0]B2, [111]B2, [012]B2 and [113]B2 
SADPs were calculated in this work and are shown in figure 5.45. The prediction 
and indexing of these SADPs was facilitated by using a computer program 
designed by G.Shao and available in the Departm ent of Materials Science and 
Engineering of the University of Surrey. The transfer matrices (see section
4.2.4.2) that relate the planes of the co*-phase and the B2 for each variant are 
given in table 5.20. Figure 5.46 shows in more detail the superimposed SADPs 
of the B2 structure with each of the w*-phase variants.
Table 5.20 : Matrices relating the planes of the <o*-phase and B2 for the four 
variants.
Variants VI V2 V3 V4
Transfer
M atrix
2 -1 -1 
-1 2 -1 
1 1 1
1 - 1 2  
1 2 - 1  
-1 1 1
1 -1 -2 
1 2 1 
1 - 1 1
1 1 2  
1 -2 -1 
1 1 -1
Comparison of the diffraction patterns in figures 5.42, 5.43 and 5.44 with the 
predicted SADPs in figure 5.45 shows that the agreement is very good. Thus it 
is concluded that the phase in the heat-treated ribbons of the three alloys 
containing Mo is a new <o-type structure, which in this work is assigned as (d*. 
Thin film EDX analysis of alloy 3-2 ribbons showed that the composition of (o* is 
60.8Nb-23.0Al-16.2Mo (at%). The composition of the surrounding (Nb,Mo)ss was 
62.0Nb-16.1Al-21.9Mo. It should be noted that, since the (0 *-phase was very fine, 
the determination of its composition might have been influenced by the 
(Nb,Mo)ss. It was not possible to determine the (0* composition in the ribbons 
of alloys 3-3 and 3-4 because the amount of the phase was very small and the 
precipitates extremely fine.
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Figure 5.46 (continued) : Calculated SADPs of the B2 4- <o*-phase variants. The 
corresponding beam directions of each variant are given. SADPs corresponding 
to (a) [1T0]B2 4- <o*Vl, (b) [1T0]B2 4- <o*V2,3, ( c ) [1T0]B2 4- <o*V4and (d) [ l l0 ] B2 
+  (o*VI,2,3,4. (figure continued on next page)
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Figure 5.46 (continued) : Calculated SADPs of the B2 4- <o*-phase variants. The 
corresponding beam directions of each variant are given. SADPs corresponding 
to (a) [111]B2 +  <o*Vl, (b) [111]B2 +  <o*V2, (c) [111]B2 +  <o*V3, (d) [111]B2 +  
<o*V4 and (e) [111]B2 + <o*Vl,2,3,4. (figure continued on next page)
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Figure 5.46 (continued) : Calculated SADPs of the B2 + (o*-phase variants. The 
corresponding beam directions of each variant are given. SADPs corresponding 
to (a) [012]B2 +  <o*Vl, (b) [012]B2 + <o*V2, (c) [012]B2 + cd*V3,4 and (d) [012]B2 
+ (0 *V I,2,3,4. (figure continued on next page)
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Figure 5.46 (continued) : Calculated SADPs of the B2 + (D*-phase variants. The 
corresponding beam directions of each variant are given. SADPs corresponding 
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5.1.4. Nb-18AI-9Cr-5Ti alloy
The large area EPM A analysis of as cast alloy 4 ingot is given in table 5.1.
5.I.4.I. Nb-18Al-9Cr-5Ti as cast ingot
Typical microstructures from the top and bottom of the ingot are shown in 
figures 5.47 and 5.48. Two phases were present. This is in agreement with the 
XRD results (table 5.21), which indicated the presence of Nbss and Nb3Al.
Table 5.21 : X-ray diffraction data of as cast Nb-18Al-9Cr-5Ti ingot.
20 d Intensity
hkl
Nbss Nb3Al
86.30 1.127 w 421*
83.83 1.154 w 220 420
73.33 1.291 vw 400*
70.63 1.334 w 211*
67.87 1.381 w 321*
65.10 1.433 w 320*
62.23 1.492 w 222*
56.30 1.634 vw 200 310
49.87 1.829 vw 220*
42.87 (K ^) 2.113 s 211*
38.90 2.315 vs 110 210
34.60 2.592 w 200*
24.20 3.678 w 110*
* characteristic peak indicated by asterisk
vs =  very strong, s — strong, m =  medium, w =  weak, vw =  very weak
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The results of quantitative analysis by EPMA are given in table 5.22. It is 
concluded that the matrix is Nbss and the second phase is Nb3Al.
Near the bottom of the ingot [figure 5.47(b)] large equiaxed grains of Nbss 
(matrix) were observed. The grain size varied from approximately 100 to 300 
pm. Nb3Al (second phase) was present mainly at the grain boundaries but also 
within the grains. In contrast, near the top of the ingot [figure 5.47(a)] Nb3Al 
was distributed more homogeneously within the microstructure. It was also noted 
that the amount of Nb3Al wasgreafer near the top than the bottom of the ingot. 
This difference is attributed to the high cooling rates (<, 103 K/s) experienced at 
the bottom of the ingot which was in direct contact with the water cooled cooper 
hearth.
The Nbss had the B2 structure, see figure 5.49. The [Oil] SADP revealed the 
presence of diffuse <o-phase streaking.
Table 5.22 : EPMA analysis of phases in as cast Nb-18Al-9Cr-5Ti ingot.
Phase Nb (at%) Al (at%) Cr (at%) Ti (at%)
M atrix 75.0 15.7 5.1 4.2
Second phase 65.9 19.7 9.1 5.3
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(b)
Figure 5.47 : Optical micrographs of as cast Nb-18A1 -9Cr-5Ti ingot.
(a) Section from area near top surface of ingot showing two phases the matrix and 
a second phase.
(b) Section from area near bottom of ingot showing two phases, the matrix and 
a second phase.
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Figure 5.48 : SEM micrographs of as cast Nb-18Al-9Cr-5Ti ingot. Sections from 
area near top surface of ingot showing two phases, Nbss and Nb3Al.
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(a) (b)
Figure 5.49 : SADPs of Nbss in as cast Nb-18Al-9Cr-5Ti ingot. Electron beam 
parallel to : (a) [001] and (b) [Oil] axes.
5.I.4.2. Nb-18Al-9Cr-5Ti as melt-spun ribbons
Figure 5.50 shows typical optical micrographs of cross sections of the ribbons. 
The micrographs reveal the existence of a two zone microstructure as observed 
in the as melt-spun ribbons of alloys la  and 2 (see sections 5.1.1 and 5.1.2). The 
grain size varied approximately from 2 to 20 pm. Zone A consisted of equiaxed 
grains of one phase. In zone B two phases were present. This is in agreement 
with the XRD results (table 5.23), which indicated the presence of Nbss and 
Nb3Al.
At the bottom side of the ribbon in figure 5.50 (b) a gap is apparent. The 
microstructure of the ribbon surrounding this gap does not exhibit, as would be 
expected, the typical zone A microstructure. On the contrary it exhibits the 
typical zone B microstructure. Apparently in this area, contact of the ribbon with 
the molybdenum wheel during melt spinning was discontinued and allowed air to 
become entrapped between the ribbon and the wheel. As a result, heat extraction
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in this area was not as effective as in the rest of the bottom side of the ribbon and 
solidification occurred at a lower cooling rate thus leading to the formation of 
zone B microstructure.
Table 5.23 : X-ray diffraction data of as melt-spun Nb-18Al-9Cr-5Ti ribbons.
20 d Intensity
hkl
Nbss NbaAl
110.89 (K ^) 0.938 vw 222 521
97.48 (K*) 1.027 w 310*
84.49 (K*) 1.149 w 220 420
71.20 (K*) 1.326 s 211 400
56.75 (K ^) 1.625 s 200 310
39.17 2.300 vs 110 210
* characteristic peak indicated by asterisk
vs — very strong, s =  strong, m =  medium, w =  weak, vw =  very weak
The results of the quantitative analysis of the ribbons by EPMA are summarised 
in table 5.24. It is concluded that the matrix is Nbss and the second phase is 
Nb3Al. SADPs taken from the Nbss phase revealed extra spots at 001 positions 
thus confirming that Nbss in the ribbons has the B2 structure and therefore 
exhibits ordering (see figure 5.51). In the [Oil] SADP <o-phase diffuse streaking 
is also present.
Table 5.24 : EPMA analysis of phases in as melt-spun Nb-18Al-9Cr-5Ti ribbons.
Zone Phase Nb (at%) Al (at%) C r (at%) Ti (at%)
A M atrix 68.1 18.4 8.4 5.1
B
Matrix 76.3 14.4 5.1 4.2
Second phase 63.0 21.2 10.6 5.2
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(b)
Figure 5.50: SEM micrographs of as melt-spun Nb-18Al-9Cr-5Ti ribbons Sections 
showing two zone microstructure.
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(a) (b)
Figure 5.51 : SADPs of Nbss phase of as melt-spun Nb-18Al-9Cr-5Ti ribbons. 
Electron beam parallel to : (a) [001] and (b) [Oil] axes.
5.2. DIFFERENTIAL SCANNING CALORIMETRY AND 
THERMOGRAVIMETRIC ANALYSIS
Differential scanning calorimetry (DSC) and thermogravimetric analysis (TGA) 
were carried out in order to assist the study of phase transformations and make 
a preliminary assessment of the oxidation behaviour of the alloys.
5.2.1. DSC and TGA of as cast alloy ingots in air
Figures 5.52 to 5.56 show the DSC and TGA curves of the as cast ingots of alloys 
1, 2, 3-2, 3-4 and 4 respectively for the experiments carried out under static air. 
The DSC curve shows the heat flow as a function of temperature, whereas the 
TGA curve shows the percentage weight change as a function of temperature.
-  1 2 9  -
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DSC - TGA 
Nb-18AI-20Mo / As Cast Ingot / Air
Temperature in C
Figure 5.54 : DSC and TGA curves for as cast alloy 3-2 ingot in air.
DSC - TGA 
Nb-18Al-40Mo / As Cast Ingot / Air
Temperature in C
Figure 5.55 : DSC and TGA curves for as cast alloy 3-4 ingot in air.
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DSC - TGA 
Nb-18Al-9Cr-5Ti / As Cast Ingot / Air
Temperature in C
Figure 5.56 : DSC and TGA curves for as cast alloy 4 ingot in air.
The results of the DSC studies of alloys 1, 2, 3-2, 3-4 and 4 are summarised in 
table 5.25, which shows the temperatures where exothermic and endothermic 
peaks appear during heating.
The two binary Nb-Al alloys exhibited exothermic peaks during heating, at similar 
temperatures of ~1163 K, ~1353 K, 1413-1513 K and ^1693 K, which were 
accompanied by weight increase. It is suggested, that these peaks correspond to 
oxidation peaks. The very large exothermic peak at ~1693 K was overlapped by 
one and two endothermic peaks in alloys 1 and 2 respectively. Alloys 3-2, 3-4 and 
4 showed a similar behaviour to the binary alloys during heating. With the 
exception of the peak at around 1673 K, all other peaks were much weaker. The 
endothermic peaks, exhibited by all alloys at around 1673 K, are probably melting 
peaks, since they were relatively sharp and were followed by their respective
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exothermic peaks during cooling (data on cooling is not shown). This will be 
discussed in more detail in chapter 6.
Table 5.25 : Temperatures of exothermic and endothermic peaks determined by 
DSC for as cast ingots in air.
Alloy
Temperatures of 
exothermic peaks
Temperatures of 
endothermic peaks
°C K °C K
897 1170
Alloy 1 
Nb-25A1
1081
1232
1420
1354
1505
1693
1422 1695
892 1165
Alloy 2 
Nb-18A1
1086 1359 1411 1684
1145
1421
1418
1694
1427 1700
724* 997
Alloy 3-2 
Nb-18Al-20Mo
865*
994*
1119*
1395
1138
1267
1392
1668
1389
1476
1662
1749
657* 930
828* 1101 1646
Alloy 3-4 946 1219 1373
Nb-18Al-40Mo 1070
1476
1343
1749
843* 1116
946* 1219 1694
Alloy 4 1076* 1349 1421
Nb-18Al-9Cr-5Ti 1222
1411
1495
1684
* extremely weak peak, very difficult to define its position
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For all the alloys the weight gain started at around 1073 - 1123 K with the 
exception of alloy 3-4. It should be noted that in all experiments the heating rate 
was constant. Comparison of the TGA traces shows that the weight % increase 
exhibited two different rates (weight % / K) in the temperature ranges 1123 - 
1623 K and 1623 - 1773 K (see table 5.26).
Table 5.26 : Weight increase rates of the as cast ingots as determined by 
DSC/TGA in air.
Alloy
Weight increase (weight % /  K)
1123 - 1623 K 1623 - 1773 K
Nb-25A1 0.0097 0.0412
Nb-18A1 0.0152 0.0924
Nb-18Al-20Mo 0.0041 0.0412
Nb-18Al-9Cr«5Ti 0.0029 0.0741
Regarding alloy 3-4, the weight gain started at ~973 K and was followed by a 
decrease from ~1273 to 1623 K. At higher temperatures there was further weight 
increase.
5.2.2. DSC and TGA of as cast alloy ingots in Ar flow
DSC and TGA experiments were also carried out under Ar flow in order to 
prevent the occurrence of oxidation and thus reveal the peaks of any possible 
phase transformations. Figures 5.57 to 5.61 show the DSC and TGA curves of the 
as cast ingots of alloys 1, 2, 3-2, 3-4 and 4 respectively.
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DSC - TGA 
Nb-25A1 / As Cast Ingot / Ar
Temperature in C
Figure 5.57 : DSC and TGA curves for as cast alloy 1 ingot under Ar flow.
DSC - TGA
Nb-18A1 / As Cast Ingot / Ar
Figure 5.58 : DSC and TGA curves for as cast alloy 2 ingot under Ar flow.
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DSC - TGA
Nb-18AI-20Mo / As Cast Ingot / Ar
Temperature in C
Figure 5,59 : DSC and TGA curves for as cast alloy 3-2 ingot under Ar flow.
DSC - TGA 
Nb-18Al-40Mo / As Cast Ingot / Ar
Figure 5.60 : DSC and TGA curves for as cast alloy 3-4 ingot under Ar flow.
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DSC - TGA 
Nb-18Al-9Cr-5Ti / As Cast Ingot / Ar
Figure 5.61 : DSC and TGA curves for as cast alloy 4 ingot under Ar flow.
Alloys 1 and 4 exhibited a weak endothermic peak during heating at 1295 K and 
1306 K respectively. The X-ray data from heat-treated ingots at 1273 K / 24 h 
(see tables 5.27 and 5.28) showed that X-ray peaks corresponding to Nbss either 
disappeared (alloy 1) or weakened (alloy 4) after the heat treatm ent while the 
peaks corresponding to Nb3Al were strengthened significantly (see tables 5.2 and 
5.21 for the as cast ingots). Thus it is suggested that the above endothermic peaks 
correspond to the precipitation of Nb3Al at the expense of Nbss.
Alloys 2, 3-2 and 3-4 did not exhibit any well defined peak. In alloys 3-2 and 3-4 
there is an indication of a very broad and extremely weak endothermic peak 
forming during heating at around 1273 K. Based on the microstructural studies 
of the heat-treated ingots (see section 5.1.3), which showed that Nb3Al starts 
precipitating from Nbss at 1273 K, it is envisaged that this peak corresponds to the 
precipitation of Nb3Al.
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Table 5.27 : X-ray diffraction data of alloy 1 ingot heat-treated at 1273 K for 24h.
20 d Intensity
hkl
Nbss Nb3Al N b ^
108.67 0.949 w 222 521
106.00 0.965 m 520, 432*
88.13 1.108 vw 332*
85.64 1.134 s 421*
83.10 1.162 vw 220 420
78.00 1.225 vw 411, 330 211
72.63 1.302 w 400*
67.37 1.390 s 321 202
64.57 1.443 vs 320*
61.77 1.502 vs 222 222
55.87 1.646 m 200 310 600
49.53 1.840 m 220*
42.40 2.132 vs 211 631, 532
38.50 2.338 vs 110 210
34.37 2.609 s 200*
24.07 3.697 vs 110*
* characteristic peak indicated by asterisk
vs -  very strong, s =  strong, m =  medium, w =  weak, vw = very weak
Since all exothermic peaks observed in the DSC experiments in air were not 
present in the DSC traces of the experiments carried out in Ar, it is confirmed 
that those peaks correspond to oxidation.
As far as the weight gain is concerned, all alloys exhibited a slight weight increase 
(1-4 %) indicating that even under Ar flow oxidation could not be eliminated
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(note that the weight % axes in figures 5.52 to 5.56 and figures 5.57 to 5.61are 
different).
Table 5.28 : X-ray diffraction data of alloy 4 ingot heat-treated at 1273 K for 24h.
20 d Intensity
hkl
Nbss NbjAl
86.00 1.130 m 421*
83.40 1.159 w 220 420
73.00 1.296 m 400*
70.27 1.340 vw 211*
67.60 1.386 s 321*
64.83 1.438 s 320*
62.00 1.497 m 222*
56.07 1.640 vw 200 310
49.67 1.835 vw 220*
42.63 2.121 vs 211*
38.73 2.325 vs 110 210
34.60 2.592 s 200*
24.23 3.673 m 110*
* characteristic peak indicated by asterisk
vs =  very strong, s =  strong, m = medium, w =  weak, vw — very weak
5,2.3. DSC and TGA of as melt-spun alloy ribbons in Ar flow
Figures 5.62 to 5.66 show the DSC and TGA experiments under Ar flow of the 
as melt-spun ribbons of alloys 1, 2, 3-2, 3-4 and 4 respectively.
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DSC - TGA 
Nb-25A1 / As Melt-Spun Ribbons / Ar
Temperature in C
Figure 5.62 : DSC and TGA curves for as melt-spun alloy la  ribbons under Ar 
flow.
DSC - TGA 
Nb-18A1 / As Melt-Spun Ribbons / Ar
.g
* o
■4 5Ta «K
Temperature in C
Figure 5.63 : DSC and TGA curves for as melt-spun alloy 2 ribbons under Ar 
flow.
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D S C  - T G A  
Nb-18Al-20Mo/ As Melt-Spun Ribbons / Ar
Figure 5.64 : DSC and TGA curves for as melt-spun alloy 3-2 ribbons under Ar 
flow.
D S C  - T G A  
Nb-18AI-40Mo/ As Melt-Spun Ribbons / Ar
B
3.
iO
5
ow
Temperature in C
Figure 5.65 : DSC and TGA curves for as melt-spun alloy 3-4 ribbons under Ar 
flow.
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DSC - TGA
Nb-18Al-9Cr-5Ti/As Melt-Spun Ribbons/Ar
Temperature in C
Figure 5.66 : DSC and TGA curves for as melt-spun alloy 4 ribbons under Ar 
flow.
The as melt-spun ribbons of all alloys exhibited a weak and broad endothermic 
peak at temperatures around 1273 K. This peak is attributed to the precipitation 
of Nb3Al as for the as cast ingots (see section 5.2.2). In alloys 2, 3-4 and 4 an 
exothermic peak overlapped with the endothermic peak. This exothermic peak 
is attributed to oxidation since a weight increase was also observed.
5.3. MICROHARDNESS AND HARDNESS EVALUATION
5.3.1. Microhardness
The room tem perature microhardness values of the phases present in the as cast 
ingots of the alloys included in this study are given in table 5.29 and in figure 5.67. 
The microhardness values are the average of 10 or 15 measurements. For alloy 1
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the microhardness values of Nbss and Nb2Al are not given because these phases 
were very finely distributed within Nb3Al (see section 5.1.1). Thus, it was not 
possible to measure their microhardness on the instrument used in this work 
because the smallest indent that could be measured fairly accurately was 
approximately 5 pm. For alloys 2, 3-2,3-3 and 3-4 the composition of Nbss is also 
given in table 5.29 in order to facilitate the discussion of the results in the next 
chapter.
Table 5.29 : Room temperature microhardness of phases in as cast alloys.
Alloy Phases
Vickers
Microhardness
(kgmin'2)
Alloy 1 
Nb-25A1
Nbss -
NltyU 726 ± 20
N b ^ -
Alloy 2 
Nb-18A1
Nbss 
(Nb-15.3 Al) 305 ±  21
Nb3Al 712 ±  38
Alloy 3-2 
Nb-18Al-20Mo
Nbss
(Nb-16.8Al-20.4Mo) 436 ±  9
(Nb,Mo)3Al 742 ±  18
Alloy 3-3 
Nb-18Al-30Mo
Nbss
(Nb-15.6Al-30.9Mo) 522 ±  16
(Nb,Mo)3Al 791 ± 42
Alloy 3-4 
Nb-18Al-40Mo
Nbss
(Nb-16.0Al-41.4Mo) 529 ±  22
(N bjM o)^ 833 ±  39
Alloy 4 
Nb-18Al-9Cr-5Ti
Nbss 394 ±  15
Nb3Al 724 ±  58
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Figure 5.67 : Room temperature microhardness of phases in the as cast alloys.
The microhardness of Nbss was also measured in the ingots heat-treated at 
1073 K for 24 h and the following values were obtained, 342±6 kgmm'2, 468±13 
kgmm'2 and 598±13 kgmm'2 for alloys 2, 3-2 and 3-4 respectively.
53.2. Hardness
53.2.1. Hardness of alloy ingots
The room tem perature hardness values of the as cast ingots of all alloys are given 
in table 5.30 and in figure 5.68. The values presented are the average of 8 or 12 
measurements.
The hardness values of the as cast ingots are in good agreement with the 
microhardness results (see table 5.29) since the hardness of each as cast alloy lies 
between the microhardness values of the existing phases. For alloy 1 the high 
hardness of the as cast ingot (741 kgmm"2) is attributed to the presence of Nb2Al.
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Table 530 : Room temperature hardness of as cast alloy ingots.
Alloy
Vickers Hardness 
(kgmm*2)
Alloy 1
Nb-25A1 741 ± 17
Alloy 2
Nb-18AI 429 ±  24
Alloy 3-2
Nb-18AI-20Mo 575 ± 32
Alloy 3-3
Nb-18Al-30Mo 596 ± 35
Alloy 3-4
Nb-18Al-40Mo 637 ± 47
Alloy 4
Nb-18Al-9Cr-5Ti 631 ± 31
V ickers H ardness  
As Cast Ingots
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600-
500
400
300
200
100
0
Figure 5.68 : Room temperature hardness of as cast alloy ingots.
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The hardness of the ingots heat-treated at 1473 K for 24 h was also measured and 
the following values were obtained, 607±36 kgmm'2, 691 ±27 kgmm'2 and 702±36 
kgmm"2 for alloys 2, 3-2 and 3-4 respectively.
5.3.2.2. Hardness of as melt-spun alloy ribbons
The room temperature hardness values of the as melt-spun ribbons of the alloys 
are given in table 5.31 and in figure 5.69. The hardness values are the average 
of 8 or 12 measurements. All measurements were obtained by creating indents 
at the middle area (between the top and the bottom) of the ribbon cross section. 
This was done because the thickness of the ribbons (see table 4.3) limits the area 
where indents can be formed without interference from the material were the 
ribbon was mounted. For alloys 2, 3-2, 3-3, 3-4 and 4 where zone A 
microstructures were observed, the hardness of the ribbons is very similar to the 
microhardness of Nbss of the as cast ingots of the same alloys (see table 5.29).
Table 531 : Room temperature hardness of as melt-spun alloy ribbons.
Alloy
Vickers Hardness 
(kgmm’2)
Alloy la
Nb-25A1 394 ±  8
Alloy 2
Nb-18A1 325 ± 9
Alloy 3-2
Nb-18Al-20Mo 442 ± 17
Alloy 3-3
Nb-18Al-30Mo 507 ± 17
Alloy 3-4
Nb-18Al-40Mo 542 ± 33
Alloy 4
Nb-18Al-9Cr-5Ti 415 ±  8
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Figure 5.69 : Room tem perature hardness of as melt-spun ribbons.
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DISCUSSION
6.1. PROCESSING OF THE ALLOYS
For all alloys large area electron probe microanalysis (EPMA) showed 
composition deviations from the nominal ones (see table 5.1). These are 
attributed to Al loss during melting due to the large difference between the 
melting points of Nb [2469 °C (2742 K)] and Al [660 °C (933 K)] and the high 
vapour pressure of Al which is ~ 105 Pa (la tm ) at 2273 K (Cottrell 1975). Jorda 
et al. (1980) also have reported that in Nb rich Nb-Al alloys weight losses due to 
Al evaporation started at temperatures close to 1660 °C (1933 K).
Although an additional amount of Al was added in the material charge in the 
water cooled crucible in order to compensate for the expected loss, it has not 
been possible to control accurately the final composition of each alloy. The 
amount of Al loss depended on the melting point of the melt and its flow 
behaviour and consequently the power input and time required for melting and 
melt-spinning. For example, the Nb-18Al-40Mo alloy exhibited extremely viscous 
behaviour and required the largest power input (25 Volts and 1300-1400 Amps) 
and the greatest number of melting cycles in order to be melt-spun. As a result 
the amount of Al loss during melting of this alloy was the highest (see table 4.1).
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Kamata et al. (1993) have reported that during non-consumable arc melting of Nb 
rich Nb-Al alloys (around 9 wt% Al) the evaporation rate of Al decreased with 
increasing Ar pressure. Thus they considered the Ar pressure during melting to 
be a key factor in controlling the composition of their Nb-Al alloys. The Ar 
pressure varied approximately from 14 to 80 KPa in their experiments. In this 
study the Ar pressure was kept at -50 KPa (before melting) in order to prevent 
it raising above -101 KPa (1 atm) during melting. A different melting chamber, 
which could tolerate higher A r pressures (higher than 101 KPa), would probably 
allow a better control over Al evaporation and consequently alloy composition.
Care was also taken during solidification processing to control the level of 
interstitials in the alloys. Chemical analysis of all ingots was performed by IMI 
Titanium and gave : H 2 < 10 wppm and 0 2 < 200 wppm, which indicate that 
contamination levels were maintained at very low levels during solidification 
processing in this study.
6.2 .3NHCROSTRUCTURAL CHARACTERISATION
6.2.1. X-ray diffraction analysis
In the as cast alloy 1 ingot (table 5.2) and the as melt-spun alloy la  ribbons (table 
5.4) the X-ray peaks corresponding to Nb3Al were displaced to the left (lower 20 
values) of the peaks expected from the JCPDS card for Nb3Al indicating that 
Nb3Al in alloy 1 has a larger lattice param eter than the compound used to 
provide the JCPDS data. Wood et al. (1958), who produced the data of the 
JCPDS 12-85 card for Nb3Al, reported that in their experiments the composition 
of Nb3Al was not precisely known, the lattice constant ranged from 5.185 A to 
5.194 A and the compound was accompanied by a very small amount of "impurity" 
which was probably another Nb-Al phase. The variation of the lattice constant
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observed by Wood et al. (1958) is consistent with the compositional range 
exhibited by Nb3Al. Thus the observed displacement of the Nb3Al peaks is 
attributed to compositional variation. Since the atomic size of Al (Al atomic 
radius* =  0.130 nm) is smaller than Nb (Nb atomic radius* =  0.134 nm), a larger 
lattice param eter suggests a Nb3Al compound with lower Al content.
In as cast alloy 1 ingot (table 5.2) and as melt-spun alloy la  ribbons (5.4) the X- 
ray peaks corresponding to Nbss were shifted to the right (higher 20 values) of 
the peaks expected for pure Nb, indicating the presence of a solid solution of Al 
in Nb with reduced lattice parameter. The reduction in lattice param eter is 
attributed to the different atomic sizes of Nb and Al (see above). Considering 
that the sensitivity of XRD for phase identification requires at least ~5 vol% of 
the phase to be present, the XRD analysis of the ribbons of alloy la  suggested 
that Nb2Al can be suppressed by RS (this was also confirmed by EPMA).
The X-ray diffraction results for alloy 2 as cast ingot (table 5.6) and as melt spun 
ribbons (tables 5.9) were similar with alloy 1 for the Nbss and Nb3Al phases. The 
Nb2Al phase was absent in alloy 2 ingot and ribbons.
In the as cast alloy 3-2 ingot and ribbons (tables 5.11 and 5.16) the X-ray peaks 
of (Nb,Mo)ss were located between the positions of the peaks of Nb and Mo and 
towards the right (higher 20 values) of the X-ray peaks of Nbss of alloy 2 
indicating that in alloy 3-2 the (Nb,Mo)ss has a smaller lattice param eter than the 
Nbss phase in alloy 2 even though their Al content is similar (see tables 5.6 and 
5.11 for the ingots and 5.9 and 5.16 for the ribbons). In the as cast ingots the 
same behaviour was observed for the X-ray peaks of (Nb,Mo)3Al compared with 
the binary Nb3Al. In both cases the smaller lattice param eter is attributed to the 
smaller atomic size of Mo (Mo atomic radius* =  0.129 nm) as compared with Nb 
(Nb atomic radius* = 0.134 nm).
* Nuffield Advanced Book of Data
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In the as cast ingot and the as melt spun ribbons of alloys 3-3 (tables 5.12 and 
5.17) and 3-4 (tables 5.13 and 5.18) the shift of the X-ray peaks of (Nb,Mo)ss and 
(Nb,Mo)3Al exhibited similar trend as in alloy 3-2, indicating that both (Nb,Mo)ss 
and (Nb,Mo)3Al in these alloys have smaller lattice parameters than the Nbss and 
Nb3Al phases in alloy 2. Also the X-ray peaks of (Nb,Mo)ss in the as cast alloy 
3-3 ingot and ribbons were shifted towards the right (higher 20 values) of the 
peaks of (Nb,Mo)ss in alloy 3-2, indicating that (Nb,Mo)ss has a smaller lattice 
param eter in alloy 3-3 than in alloy 3-2. Alloy 3-4 exhibited exactly the same 
behaviour. To summarise, XRD indicated that the lattice param eter of (Nb,Mo)ss 
decreases progressively from alloy 3-2 to alloys 3-3 and 3-4. This is attributed to 
the increasing Mo content of (Nb,Mo)ss in alloys 3-2, 3-3 and 3-4 (see tables 5.14 
for the ingots and 5.19 for the ribbons). The same behaviour was observed for 
(Nb,Mo)3Al of the as cast ingots of the Mo containing alloys. Table 6.1 is a 
summary of XRD data from as cast ingots of alloys 2, 3-2, 3-3 and 3-4, and shows 
that the two characteristic peaks of Nbss (211 and 310) move towards higher 20 
values (which correspond to smaller d spacings and consequently smaller lattice 
parameters) as we move to Nbss with higher Mo content.
Table 6 .1 : Summary of XRD data for Nbss in as cast ingots of alloys 2, 3-2, 3-3 
and 3-4.
Alloy
Nbss composition in 
as cast ingot 
(at%)
characteristic peak of Nbss 
hkl
211 310
20 d(A ) 20 d (A)
Alloy 2 Nb-15.3A1 70.20 1.341 96.03 1.037
Alloy 3-2 Nb-16.8Al-20.4Mo 71.00 1.328 97.33 1.027
Alloy 3-3 Nb-15.6Al-30.9Mo 71.57 1.318 97.97 1.022
Alloy 3-4 Nb-16.0Al-41.4Mo 71.70 1.316 98.37 1.019
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In the as cast alloy 4 ingot and ribbons (tables 5.21 and 5.23) the X-ray peaks of 
Nbss were located towards the right (higher 20 values) of the X-ray peaks of Nbss 
of alloy 2 indicating that Nbss in alloy 4 has a smaller lattice param eter than Nbss 
in alloy 2 even though their Al contents were similar (see tables 5.7 and 5.22 for 
the ingots and 5.10 and 5.24 for the ribbons). The same behaviour was observed 
for the Nb3Al phase in the as cast alloy 4 ingots and ribbons compared to Nb3Al 
in alloy 2. This is attributed to the addition of Cr and Ti whose atomic sizes (Cr 
atomic radius* =  0.117 nm, Ti atomic radius* =  0.132 nm) are smaller than Nb 
(Nb atomic radius* =  0.134 nm).
6.2.2. Nb-25A1
In the as cast alloy 1 ingot the Nbss, Nb3Al and Nb2Al phases were present (see 
section 5.1.1.1). According to the Nb-Al phase diagram (see figure 3.1), an alloy 
of this composition (Nb-23.7 at%  Al) should exhibit a two phase microstructure 
consisting of Nb3Al and Nb2Al at equilibrium. Considering the solidification 
microstructure of the alloy (see figure 5.1 a and b) it is suggested that as the melt 
cooled, primary dendrites of Nbss formed first in the melt. When the first 
peritectic reaction was reached at T  =  2333±10 K the remaining liquid reacted 
with the Nbss to form Nb3Al +  liquid. At the second peritectic reaction at 
T  =  2213 ±10 K the remaining liquid reacted with Nb3Al to form Nb2Al. At this 
stage the solid state reactions Nbss -  Nbss +  Nb3Al and Nb3Al -  Nb3Al +  Nb2Al 
took place. Thus the presence of Nbss in the as cast ingot is attributed to 
incomplete peritectic reactions.
The ribbons of alloy la  consisted of the Nbss and Nb3Al phases (see section
5.1.1.2). In these ribbons a two zone microstructure was formed (see section
5.1.1.2). Zone A  microstructure was featureless and was formed at the bottom
* Nuffield advanced Book o f Data
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of the cross section where the ribbon was in contact with the molybdenum wheel 
and experienced the highest cooling rates (see figure 5.3). Zone B consisted of 
equiaxed grains and was formed at the top of the cross section where the ribbon 
was in contact with the Ar atmosphere (free surface) and experienced lower 
cooling rates than the bottom (zone A). For alloy la  (Nb-25.4 at%Al) the phase 
diagram (see figure 3.1) predicts a  two phase microstructure of Nb3Al and Nb2Al 
at equilibrium. Since zone A  and zone B consisted only of Nbss and 
Nbss + Nb3Al respectively, suppression of both Nb3Al and Nb2Al was possible 
by rapid quenching from the melt Nb-25A1. Furthermore since the Al content of 
Nbss was “25 at% (see table 5.5), extension of the solid solubility of Al in Nb to 
“25 at% was achieved by RS (the maximum solid solubility of Al in Nb is 21.5 
at% at T=2333 K, see figure 3.1). Extension of the solid solubility of Al in Nb 
up to 27 at% has been reported by Murahashi et al., (1995), who used an 
atomisation technique for the production of Nb3Al. Formation of a segregation 
free microstructure (zone A) and extension of solid solubility are attributed to 
rapid solidification (see section 2.2.1). The results of this study suggest that at the 
wheel side of the ribbons the high cooling rate and/or high melt undercooling 
achieved ensured that the S/L interface velocity exceeded the absolute stability 
velocity which resulted In segregation free solidification.
6.2.3. Nb-18A1
To facilitate the discussion of the results, table 6.2 summarises the phases present 
in the as cast and heat-treated ingots and the as melt spun ribbons. The 
compositions of the phases are given as well.
Ingot
The microstructure of as cast alloy 2 ingots consisted of Nbss and Nb3Al (see 
figure 5.5) and is in agreement with the Nb-Al equilibrium phase diagram (see
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figure 3.1). However, both phases were richer in solute than expected from the 
phase diagram (see table 6.2) thus confirming that non-equilibrium solidification 
microstructures were formed in the ingots solidified in the water cooled copper 
mould. Nbss contained 15.3 and Nb3Al 21.4 at% Al, as compared with the 6 and 
18 at% Al respectively expected from the phase diagram. The microstructure of 
the as cast ingot varied from the bottom to the top of the ingot (see figure 5.5). 
This has been attributed to the variation in cooling rate (see section 5.1.2), which 
was higher (<. 103 K/s) at the bottom of the ingot where the melt was in direct 
contact with the water cooled copper hearth.
Table 6.2 : Phases present in ingots and ribbons of alloy 2. Compositions of phases 
determined by EPMA (at%).
Sample Phase Nb Al
As melt- 
spim ribbon
Thick
ribbon
A 2+B 2+ to 83.2 16.8
A15 80.3 19.7
Thin ribbon A 2+B 2+ co 83.1 16.9
Heat-treated ribbon 
973 K  / 500 h
(B2+w )f 83.8 16.2
0* 80.7 19.3
As-cast ingot
A2+B2+0) 84.7 15.3
A15 78.6 21.4
Heat-treated
ingots
1073 K 
24h
B2+ to 84.6 15.4
A15 78.3 21.7
1273 K 
24h
B2+ to 87.3 12.7
A15 79.9 20.1
1473 K 
24h
A2 95.4 4.6
A15 79.9 20.1
t  Thin foil EDX analysis. Due to the small size of the o-phase, the spatial resolution of the thin 
foil analysis might have not been high enough to completely exclude X-ray information from the 
neighbouring B2 matrix.
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Electron diffraction analysis showed that Nbss exhibited the B2 structure in the 
as cast ingot (see section 5.1.2.1). There was diffuse streaking contrast in the 
diffraction patterns from the B2 regions (see figure 5.7). This streaking is typical 
of the presence of a  diffuse <o phase in the metastable A2 or B2 phase. Detailed 
description of the streaking contrast due to the presence of the diffuse <o phase 
has been discussed by Shao et al 1995A and was summarised in section 5.I.2.3.
Samples from the alloy ingots were annealed at 1073 K, 1273K and 1473 K for 
24h, followed by air cooling to room temperature. The microstructural studies 
showed that higher annealing temperatures led to less primary B2 phase. For 
example, while islands of primary B2 were present in the microstructure of the 
sample annealed at 1273 K (see figure 5.9), all primary B2 was decomposed into 
(A15+A2) in the sample annealed at 1473 K  (see figure 5.10). It should be 
pointed out that the compositions of the phases present in samples annealed at 
different temperatures were also different (see table 6.2). The higher the 
annealing temperature, the lower the Al content in the Nbss (A2 or B2), After 
heat treatm ent of the ingot at 1473 K, the compositions of Nbss and Nb3Al 
changed to 4.6 and 20.1 at% Al respectively, indicating that the solubility of Al in 
Nb is lower than that indicated in the phase diagram ( -9  at% Al, see figure 3.1). 
This is in agreement with the work of Menon et al. (1992) (see also table 3.1). 
The shift towards equilibrium was accompanied by a change in microstructure 
with the Nbss -* Nbss -f Nb3Al solid state transformation resulting to a stringy 
microstructure consisting of filamentary Nbss finely distributed within the Nb3Al 
matrix thus leading to in situ production of Nb3Al/Nbss composite (see also figure 
5.10 and section 3.4.2).
Electron diffraction analysis also showed that the higher the annealing 
temperature, the lower the intensity of the {100}B2 superlattice spots in the 
diffraction patterns. The superlattice spots of the B2 structure disappeared in the 
diffraction patterns from the sample annealed at 1473 K, indicating that the solid 
solution phase in this sample has the A2 (bcc) instead of the B2 structure. The
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B2 structure was richer in Al than the A2 structure. Also, the diffuse <o phase was 
present in the samples annealed at 1073 K and 1273 K, while the diffuse streaking 
was hardly observable in the diffraction patterns from the A2 region of the sample 
annealed at 1473 K. It is interesting to note that APBs were observed in the B2 
grains of the annealed samples (figure 5.14) (see section 6.2.3.1).
Ribbons
The microstructure of the as melt-spun ribbons consisted of either single phase 
Nbss (thin ribbons) or Nbss and Nb3Al (thick ribbons) (see figure 5.15). In the 
thick ribbons a two zone microstructure was formed (see section 5.1.2.3). Zone 
A  microstructure consisted of equiaxed grains of Nbss and was formed at the 
bottom of the cross section where the ribbon was in contact with the molybdenum 
wheel and experienced the highest cooling rates. Zone B consisted of two phases, 
Nbss and Nb3Al, and was formed at the top where the ribbon was in contact with 
the A r atmosphere (free surface) and experienced lower cooling rates than the 
bottom (zone A). The formation of a segregation-free microstructure (zone A) 
is attributed to rapid solidification phenomena as discussed above for the Nb-25A1 
alloy. Formation of the zone B microstructure occurred when the S/L front 
velocity dropped below the absolute stability velocity and solute partitioning led 
to precipitation of Nb3Al. The grain size in the ingot varied from 200 to 600 pm 
whereas in the as spun ribbons it varied from 2 to 20 pm. The refinement of the 
microstructure by two orders of magnitude is attributed to the short diffusion 
distances and formation times that exist during rapid solidification.
Comparing the diffraction patterns of the as melt spun ribbons with the 
corresponding patterns of the as cast ingot, it can be seen that the {100}B2 
superlattice spots in the diffraction patterns of the as melt-spun ribbon are weaker 
than those of the ingot (figures 5.16 and 5.7). The streaking contrast of the 
diffuse <o phase is, however, stronger in the ribbon than in the ingot. Despite 
great efforts, antiphase domain boundaries (APBs) were not observable in the as
- 156-
Chapter 6 Discussion
melt spun alloy ribbons. The ribbon composition and the average ingot 
composition were similar (see table 6.2).
The melt-spun ribbons were annealed at 723 K for 1000 h and 973 K for 500 h, 
followed by air cooling. It was found that in the sample annealed at 723 K, the 
superlattice spots of the B2 structure were enhanced (see figure 5.18). Centre 
dark field (CDF) imaging using the (100)B2 spot revealed that the Nbss region was 
composed of ordered nano-scale B2 domains within the disordered A2 matrix 
(figure 5.19). Diffuse omega was still present in the Nbss region. In the ribbon 
sample annealed at 973 K, patches of a second phase were present in the Nbss 
region (figure 5.20). The Nbss was completely ordered to the B2 structure 
containing APBs (figure 5.22). Electron diffraction patterns taken from the patchy 
region showed that the second phase had the ciystal structure of the o-phase, 
reported in ternary Ti-Nb-Al alloys (Banerjee et al 1988, Hou et al 1994, see also 
section 3.2.2.3). The B2 superlattice spots in the patterns of this sample were also 
much stronger than those of the ribbon sample annealed at 973 K  (figures 5.21 
and 5.18), while the streaking contrast due to the presence of the diffuse <o was 
stronger in the sample annealed at 723 K than in the sample annealed at 973 K.
6.2.3.I. Ordering of Nbss in the binaiy Nb-Al system
In this section the term  "p phase" is used to describe the bcc structure of Nbss, 
which can be either A2 (disordered) or B2 (ordered).
Earlier studies on ingots and ribbons of Nb3Al base alloys with 13-25at% Al have 
concentrated on phase formation as a function of cooling rate in solidification and 
phase precipitation during heat treatment [Aindow et al., 1991, Kohmoto et al., 
1993, Smith et al., 1993, Yang and Vasudevan, 1993, see also section 3.2.2.2J. 
These studies have shown that in Nb3Al alloys with 13-25 at% Al it is possible to 
form the B2 phase (ordered bcc Nbss). It has also been suggested that B2 is a
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metastable intermediate phase in the A2-*A15 transformation [Kohmoto et al., 
1993].
The identification of B2 and A15 phases in alloy 2 as cast ingots and ribbons is 
in agreement with the reported results [Aindow et al., 1991, Yang and Vasudevan, 
1993]. Since the alloy 2 heat-treated (1473 K /  24 h) ingots consisted of the A2 
and A15 phases (see table 6.2) it is also confirmed that B2 transforms to A2 upon 
heating and that B2+A15 is replaced by A2+A15. In addition, as shown in table
6.2, during heat treatm ent of alloy 2 ingot, the Nbss was depleted in Al as the 
treatment tem perature increased. This suggests that the Al content of Nbss plays 
a significant role in the ordering of Nbss. This is in agreement with the work of 
Yang and Vasudevan (1993).
In the alloy 2 as melt-spun ribbons zone A was formed under RS conditions where 
solidification occurred at velocities above the absolute stability velocity. According 
to Kohmoto et al. (1993), at high cooling rates, as in the case of their 30pm thick 
Nb-17at%Al ribbons compared to the 250pm thick ribbons in the earlier work on 
Nb-18at%Al [Aindow et al., 1991] (see also table 3.2), A2 selection from the melt 
is possible while at the lower cooling rates experienced by the thicker ribbons B2 
forms during recalesced solidification. A2 formation would also be favoured if 
solidification occurred at velocities much higher than the absolute stability velocity 
which could lead to trapping of the disordered structure. Kohmoto et al. (1993) 
and Aindow et al. (1991) did not discuss whether zone A  or zone B RS 
microstructures were present in their thicker alloy ribbons and did not show 
micrographs of the solidification microstructures of their ribbons.
A  thermodynamic database of the Nb-Al system was provided by ThermoTech 
Ltd. UK. This database allows the calculation of the binary Nb-Al phase diagram 
(Shao 1996) which is in excellent agreement with the experimental phase diagram. 
However the ordering of the p phase was not included in the ThermoTech 
database. The model of Saunders (1989) was used to model the A2-B2 ordering
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in the p phase as a second order phase transformation and the A2-*B2 ordering 
tem perature was calculated (Shao, 1996). The calculated phase diagram with 
A2-*B2 ordering tem perature is shown in figure 6.1. Alloy 2 is obviously located 
in the P+A15 two phase region. The equilibrium phase transformation sequence 
during cooling from the melt is: L  (liquid) -  L+P(A2) -+ p(A2)+A15. The 
observed microstructures suggest that the phase transformation sequence in the 
ingot during solidification was L  -  L+P(A 2) L+p(A 2)+A 15-p -*■
P(A2+B2)+A15-p+A15-s -  P(A2+B2)+A15-p+A15-s+<o, where A15-p and A15- 
s correspond to the Nb3Al phase which formed by the peritectic reaction and 
during solid state transformation respectively.
3 0 0 0  
2 7 0 0  
2 4 0 0  
2100 
£  1 8 0 0  
1 5 0 0  
1200 
9 0 0  
6 0 0  
3 0 0
0 0 . 2  0 . 4  0 . 6  0 . 0  1 .0
M OL E_ F RR C TI ON  NB
Figure 6.1: Calculated Nb-Al phase diagram including the A2-+B2 transformation 
(Shao,1996).
Since the phase transformation processes in both the as cast ingot and the as 
melt-spun ribbons were not in equilibrium, in both cases the observed 
compositions of the p phase were very close to the average alloy composition (see 
tables 6.2 and 5.1). The p compositions in both the ingot and the ribbons are 
within the compositional range where the A 2-B2 transformation occurs (i.e. above
I  A15
•  (3 (A 2  o r B2)
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~5 at% Al, see figure 6.1). This explains why the B2 phase was observed.
In fact, even in samples annealed in the temperature range 723 K - 1273 K, the 
equilibrium condition was not reached. Compositions of the p phase and the 
Nb3Al (A15) phase in some annealed ingot samples (see table 6.2) are 
superimposed on the phase diagram of figure 6.1. It is shown that the 
composition of the p phase in the ingot sample annealed at 1473 K is in the A2 
region, while other p compositions are within the composition range for A2-B2 
ordering (i.e. above ~5 at%  Al). This is in agreement with the experimental 
results, since the observed p structure in the sample annealed at 1473 K was A2, 
while B2 was observed in other samples. Observation of APBs in the samples 
annealed at temperatures between 973 K to 1273 K is consistent with the 
thermodynamic modelling (figure 6.1) since A2-B2 ordering is predicted to occur 
upon cooling alloys with more than 5 at% Al. The fact that the size of the APDs 
(antiphase domains) was similar in both samples annealed at 973 K for 500 h and 
at 1073 K for 24 h (figures 5.22 and 5.14 respectively) indicates that the ordering 
tem perature must be below 973 K  and the APBs observed were formed due to 
the A 2-B2 transformation which occurred during air cooling of the samples. If 
the ordering tem perature was above 973 K, then annealing at 973 K for 500 h 
should result in significant growth of the APDs which is not the case.
Figure 6.2 shows the change of the ordering energy as a function of the Al content 
of the p phase, suggesting that the maximum A2-B2 ordering energy is at Nb- 
50at%Al. As to the sublattice occupancies, the current model suggests that for 
the Nb-rich alloys, the first sublattice (sublattice I) is completely occupied by Nb, 
while the second sublattice (sublattice II) is occupied by both Al and Nb. The 
mole fraction of Al in sublattice II increases with the Al content of the B2 phase, 
as shown in figure 6.3.
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Figure 6.2 : Ordering energy of A 2-B2 as a function of Al content of the Nbss 
(Shao,1996).
According to the calculated sublattice occupancies, the atomic scattering factor for 
electrons can be calculated by the weighted sum of the atomic scattering factors 
of pure Nb and Al. The relative intensities y i f of the B2 superlattice spots with 
respect to the fundamental spots can thus be calculated as follows:
h(Ff _ I f e - ( * W V ] 2 (6.1}
h (F/ Vrfn? Vm+Wm+yfJl2
where Fs and Ff are the structure factors for the superlattice and the fundamental 
spots, fj and fn the atomic scattering factors of sublattice sites I and II, fNb and f-Al 
the atomic scattering factors of pure Nb and pure Al and x and y the mole 
fractions of Nb and Al in sublattice II (x 4- y =  1). The relative intensities of the 
B2 superlattice spots with respect to the fundamental spots as a function of the 
Al content of the B2 are shown in figure 6.3.
Thus it is shown that the higher the Al content of the metastable B2 phase, the 
stronger the B2 superlattice spots will be. This explains why the B2 superlattice
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spots are stronger in the samples annealed at 973 K and 1073 K than in the 
1273 K annealed sample, as the latter contained less Al.
Relative Intensity of Supcriattice 
reflections of B2 structure of (Nb,Al)
0.1 0.11 0.12 0.13 0.14 0.15 0.16 0.17 0.18 0.19 0.2
mole Fraction of At in B2
A Relative Intensity »  Al in sublattice II
Figure 63  : Relative intensity of the superlattice reflections of Nbss B2 structure 
as a function of Al content (of Nbss).
It is interesting to note that the B2 superlattice spots in the melt spun ribbons 
were, however, weaker than in the alloy ingot and in samples annealed below 1273 
K, even though the p phase in the latter samples contained more Al. This 
suggests that the p region in the melt spun ribbons is a mixture of B2 and A2 
structures. In fact, even in the ribbon sample annealed at 723 K for 1000 h, the 
CDF image (figure 5.19) indicates that the p phase region is composed of nano­
scale order domains of the B2 phase in a matrix of A2. The reason why the order 
domains of the B2 phase could not be imaged in the as melt-spun ribbons is 
because they were extremely fine. The high solid state cooling rates experienced 
in the melt spun ribbon hindered the A2-+B2 ordering process coming to 
completion, leading to a microstructure which was a mixture of A2 and B2. This 
confirms that A2 is selected first from the melt and that B2 is the product of a
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solid state transformation and is in agreement with earlier results about the effect 
of cooling rates on the A 2-B 2 ordering process in Ti-40Al-10V (Shao et al. 1995 
B). Since the A2-*B2 ordering energy for Nb-17A1 (~2500 J/mole) is less than half 
that for Ti-40Al-10V (5268 J/mole), even the low cooling rate experienced by alloy 
2 ingot was effective to hinder the A 2-B2 ordering.
6.23.2. Formation of the o and a> phases in the binary Nb-Al 
system
In the ribbon sample annealed at 973 K, o-phase was observed to form in the B2 
matrix (see section 5.1.2.4 and figure 5.20). The o-phase has been reported in 
ternary Ti-Nb-Al alloys at intermediate temperatures (<1273 K) (Banerjee et al. 
1988, Benderesky et al. 1991, Hou 1994, see also section 3.2.2.3). Although 
different processing led to different compositions of the o-phase in these alloys, 
all previous results suggested that the Al content of the o-phase was fixed at 
around 25at% Al.
The o-phase has an ordered orthorhombic structure which has a Cmca symmetry 
and is isomorphous to the NaHg structure (Banerjee et al., 1988). Benderesky et 
al. (1991) found that the interface between the o-phase and the p phase (A2 or 
B2) is coherent. The orientation relationship between the p (bcc phase) and o- 
phases is [011]p//[001]o and (211)p//(110)o. The plane pair is the interface (habit) 
plane for the coherent precipitates. Benderesky et al. (1991) showed that the 
stoichiometric composition of the o-phase is TiAlNb, while Kattner and Boettinger 
(1992) suggested a lower Ti content in the o-phase (30-35 at%Ti). The more 
recent work of Hou (1994) also showed that the o-phase contains 25at%Al. 
Despite of the existing debate about the accurate stoichiometric composition of 
the o-phase (Benderesky et al 1991, Kattner and Boettinger 1993, Hou 1994), on 
the basis of all reported compositions the o-phase can be written as (Nb,Ti)3Al.
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It is worth pointing out that in all previous studies, the o-phase was only observed 
in ternary Nb-Al-Ti or Ti-Al-Nb alloys and the lowest reported Ti content in the 
o-phase was about 16at% (Hou 1994).
The alchemy work on ternary o-phase showed that there were two sublattice sites 
in the o-phase (Hou 1994). While sublattice I can be occupied by Nb, Ti and Al, 
sublattice II is occupied only by Al and Ti. This indicates that the probable 
composition of the binary o-phase observed in this work may be NbgAl, since Nb 
is not present in sublattice II. This tentative binary o-phase stoichiometry is the 
same as the composition of the equilibrium A15 structure.
As the o-phase is not present in the binary Nb-Al system as an equilibrium phase, 
this work suggests that the o-phase can also form as a metastable phase in binary 
Nb-Al alloys. The stoichiometry of the o-phase suggests that its formation 
preceded the formation of the equilibrium A 15 structure as a transition phase. 
The nucleation barrier for the precipitation of a phase is :
AG* = 16jiy3/3(AGv-AGs)2 (6.2)
where y is the interfacial free energy per unit area between the matrix and the 
precipitate, AGV is the change in Gibbs energy per unit volume due to the 
nucleation of the precipitate and AGS is the misfit strain energy per unit volume 
between the matrix and the precipitate (Porter and Easterling, 1993). Since the 
interface between the o-phase and the B2 matrix is coherent, the energy barrier 
for the nucleation of the o-phase is lower than that for the nucleation of the A15 
structure, since the values of both y and aG s for the o-phase are lower than for 
the A15 structure. It is true that the thermodynamic driving force, | AGV|, for 
the formation of the equilibrium A15 structure is larger than that for the o-phase. 
However, at the initial stages of nucleation, the surface area-to-volume ratio is 
very large. Therefore, a precipitate phase with a lower interfacial energy, i.e. the 
o-phase, can be kinetically favoured to nucleate.
Streaking contrast due to the presence of the diffuse <o phase existed in the p
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phase of various compositions, except for the p phase (A2 structure) in the 
sample annealed at 1473 K (see figures 5.11, 5.12, 5.16, 5.21 and figure 5.13). As 
is well known, <o cannot form in pure Nb. Study of oo formation in the Zr-Nb 
system suggested that Nb destabilizes the <o phase (Sass 1972). Recent work on 
<o formation in V-Al and Ti-Al-V alloys (Shao et al 1995 A) showed that the 
electron per atomic volume ratio (e/V), or the free electron density, of the bcc 
phase is a critical factor controlling <o formation, and that addition of Al to later 
transition metal elements (whose electron per atom ratio is larger than 4) will 
decrease the e/V value and hence promote <o formation. The current finding of 
diffuse <o phase in the p phase is in agreement with the above suggestion as the 
introduction of Al into Nb will lower the free electron density in the p phase. 
Besides, the <o streaking contrast was hardly observable in the A2 phase of the 
ingot sample annealed at 1473 K, which is consistent with its lower Al content.
6.2.4. Nb-18Al-xMo alloys (x = 20, 30, 40)
In order to assist the discussion of the results, table 6.3 summarises the phases 
present in all the ternary Nb-Al -Mo alloys studied in this work. The composition 
of (Nb,Mo)ss is given as well.
For the Nb-Al-Mo system the only phase equilibria data available is an 
experimentally determined isothermal section at 1000 °C (1273 K) (see figure 6.4) 
by H unt and Ram an (1968), where the main body of work was in the Al rich 
regions. Experimental results about (Nb,Mo)ss and (Nb,Mo)3Al are limited. 
However, for the Nb and Mo rich area the phase diagram suggests that the 
solubility of Al in the (Nb,Mo) solid solution increases in the ternary to some 
12 at%. Saunders (1994) calculated isothermal sections of the Nb-Al-Mo system 
at 800,1000, 1200 and 1500 °C (1073,1273, 1473 and 1773 K). The isothermal 
section at 1073 K is shown in figure 6.5. It should be noted that the calculated 
isothermal sections by Saunders have been optimised using only experimental 
data from the diagram of Hunt and Ram an (1968) and did not considered the B2 
phase.
Chapter 6 Discussion
Table 6.3 : Phases present in Nb-18Al-xMo alloys (x=20,30,40).
Alloy Phase
Composition of 
(Nb,Mo)ss (at%)
Nb Al Mo
Alloy 3-2 
Nb-18Al-20Mo
As cast ingot B2,v +  A15 62.8 16.8 20.4
Heat-treated
ingots
1073 K/24 h B2S +  A15 64.2 15.9 19.9
1273 K/24 h B2,v +  A15 65.3 14.5 20.2
1473 K/24 h A2 +  A15 70.7 7.8 21.5
As melt-spun ribbons A2 62.2 17.3 20.5
Heat-treated ribbons 
(973 K / 500 h)
B2S +  w* 62.0t 16.1+ 21.9*
Alloy 3-3 
Nb-18Al-30Mo
As cast ingot B2^ w +  A15 53.5 15.6 30.9
As melt-spun ribbons A2 54.1 15.9 30.0
Heat-treated ribbons 
(973 K / 500 h)
B2S+  to*
Alloy 3-4 
Nb-18AI-40Mo
As cast ingot A2 + A15 42.6 16.0 41.4
Heat-treated
ingots
1073 K/24 h B2ew +  A15 43.7 15.6 40.7
1273 K/24 h 6 2^  +  A15 42.6 14.2 43.2
1473 K/24 h A2 +  A15 42.5 13.3 44.2
As melt-spun ribbons A2 42.4 16.6 41.0
Heat-treated ribbons 
(973 K /  500 h)
B2m +G)*
ew, vw, w, m and s correspond to extremely weak, very weak, weak, medium and strong relative 
intensity of the B2 superlattice spots as compared to the fundamental spots.
t  This composition of single B2 phase was determined by EDX analysis of thin foil in the TEM 
where the composition of o* (+ B 2) area was determined as, 60.8Nb-23.0Al-16.2Mo (in at%).
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Figure 6.4 : Experimentally determined isothermal section at 1000°C (1273 K) for 
Nb-Al-Mo [Hunt and Raman, 1968].
NOLE_PERCENT MO
Figure 6.5 : Calculated isothermal section at 800 °C (1073 K) for Nb-Al-Mo 
[Saunders 1994].
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Ingots
The microstructure of the as cast ingots of all three alloys consisted of (Nb,Mo)ss 
and (Nb,Mo)3Al which is in agreement with the calculated phase diagram at 1073 
K (see also section 5.1.3.1). The compositions of (Nb,Mo)ss were very close to 
the alloy compositions (see tables 6.3 and 5.1) and the amount of (Nb,Mo)3Al 
which existed only locally was very small indicating that phase equilibria had not 
been reached during solidification of the ingot, as in the case of alloy 2.
Samples from the ingots of alloys 3-2 and 3-4 were annealed at 1073 K, 1273 K 
and 1473 K for 24 h, followed by air cooling to room temperature. 
Microstructural studies showed that the higher the annealing tem perature the 
higher the amount of (Nb,Mo)3Al that precipitated (see figures 5.32, 5.33, 5.34 
and 5.35). The compositions of phases present in samples annealed at different 
temperatures were also different and the higher the annealing temperature the 
lower the Al content in the (Nb,Mo)ss (see table 6.3). Figure 6.6 shows the phase 
compositions of the annealed ingots superimposed on the calculated phase 
diagrams at the corresponding temperatures (isothermal sections). The agreement 
between the experimental results and the calculated diagram is not very good. 
For 1073 K and 1273 K the disagreement can be attributed to the fact that the 
annealed ingots had not reached equilibrium after heat-treatm ent for 24 h. 
However, for the 1473 K isothermal section, the experimental results suggest that 
in the area of ~20 at% Mo, the solubility of Al in (Nb.Mo)ss is much lower (7.8 
at% ) than the calculated one (~15 at%). Furthermore, in the area of ~40 at% 
Mo, although the phase compositions are in good agreement, the direction of the 
tie line is not. It is clear that the calculation of the phase diagram should be 
reconsidered.
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Figure 6.6 : Phase compositions of the annealed Nb-18Al-xMo alloy ingots 
superimposed on the calculated isothermal sections of the corresponding 
annealing temperature; (a) at 1073 K, (b) at 1273 K and (c) at 1473 K.
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Electron diffraction analysis showed that (Nb,Mo)ss consisted of B2 ordered 
domains in an A2 matrix in the as cast ingots of alloys 3-2 and 3-3 but not in the 
ingot of alloy 3-4 where the (Nb,Mo)ss had the A2 structure (see figures 5.28, 5.29 
and 5.30). In addition the relative intensity of the B2 superlattice spots was lower 
in the ingot of alloy 3-3 than in the ingot of alloy 3-2 (see figures 5.29 and 5.28). 
The observation of B2 in the as cast ingots of the ternary alloys with 20 and 30 
at%  Mo is the first report about B2 formation in Nb3Al-Mo alloys. Regarding the 
heat-treated ingots, electron diffraction analysis showed that for alloy 3-2, the 
higher the annealing temperature, the lower the intensity of the B2 superlattice 
spots in the diffraction patterns, similarly to alloy 2 (see figure 5.36, 5.11 and 
5.12). Furthermore, for alloy 3-4, the structure of (Nb,Mo)ss transformed from 
A2 in the as cast ingot to B2 after heat-treatment at 1073 K and 1273 K (see 
figure 5.37). Despite great efforts, no APBs were found in the (Nb,Mo)ss of the 
annealed alloy 3-4 ingots at 1073 K and 1273 K. Furthermore CDF imaging using 
the very weak (001)B2 spots (see figure 5.37) did not reveal B2 ordered domains 
in an A2 matrix. Probably the ordered domains of the B2 phase could not be 
imaged due to their extremely fine size. For all three Mo alloys (Nb,Mo)ss 
exhibited the A2 structure after annealing at 1473 K.
Table 6.4 summarises the compositions and the structures (A2 or B2) of Nbss and 
(Nb,Mo)ss from the annealed ingots of alloys 2, 3-2 and 3-4 at 1273 K and 1473 
K. The data are also plotted on the Nb-Al-Mo diagram which is shown in figure 
6.7. Figure 6.7 shows that, the higher the amount of Mo in (Nb,Mo)ss, the higher 
the amount of Al in the A2 structure. In addition, in the binary Nb-Al system a 
Nbss with 12.7 at% Al has the B2 structure whereas in the ternary Nb-Al-Mo 
system the (Nb,Mo)ss with 42.5 at% Mo and 13.3 at% Al exhibits the A2 
structure. This indicates that Mo at high levels inhibits the B2 ordering of the 
(Nb,Mo)ss.
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Table 6.4 : Compositions and structures of Nbss and (Nb,Mo)ss.
Annealing 
Temperature 
of the ingot
Composition of Nbss or 
(Nb,Mo)ss
Structure of 
Nbss and 
(Nb,Mo)ss
Nb (at%) j: Al (at%) j Mo (at%)
1273 K 87.3 | 12.7 j B2
Alloy 2
1473 K 95.4 j 4.6 j A2
1273 K 65.3 j 14.5 | 20.2 B2
Alloy 3-2
1473 K 70.7 j 7.8 | 21.5 A2
1273 K 42.6 | 14.2 ! 43.2 B2
Alloy 3-4
1473 K 42.5 | 13.3 I 44.2 A2
M OLE.PER CENT MO
Figure 6.7 : Compositions and structures of Nbss and (Nb,Mo)ss on the ternary 
Nb-Al-Mo diagram. D ata for A2 and B2 correspond to 1273 K and 1473 K 
respectively.
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The typical <o streaking that was present in the [Oil] SADPs of the binary alloys 
was also found in the diffraction patterns of (Nb,Mo)ss of the as cast and 
annealed ingots both in the B2 and the A2 structures (see figures 5.28, 5.29, 5.30 
and 5.36, 5.37). The intercepts of the <o streaking with the line through (000) and 
(222)p (P is A2 or B2) are not at the positions of the crystalline <o-phase and the 
streaking of the <o maxima shift towards the position of ( l l l)p . A  normalized shift 
| A | is adopted following Sinkler and Luzzi (1994) in order to express the 
deviation from the crystalline <o (see figure 6.8). | A | =0  defines the crystalline <o 
structure and | A | = 1 denotes the case where there is no <o formation in B2 or A2. 
Shao et al. (1995 A) showed that the electron-to-p-unit cell volume ratio, <|> = 
e/Vp, is an important factor for the <o transformation (see also section 6.2.3.2). 
They also showed that the higher the 4> value of the p phase, the higher the | A | 
value, and hence the higher the deviation of diffuse o  streaking from the 
crystalline <o positions.
002 112 222
$ A - -
\  ; \  •,;ooo21
oooii;v--
| A| — u/( ^ 222/3/3)
000 110 220
Figure 6.8 : Schematic diagram showing shifts of diffuse <0 maxima (thick straight 
lines) from the crystalline <0 positions (squares).
Table 6.5 lists the <f> and | A | values for the (Nb,Mo)ss (p phase) of the as cast 
ingots of the ternary Mo containing alloys. The | A | values were measured from 
the [011] diffraction patterns of (Nb,Mo)ss of the as cast ingots (see figures 5.28,
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5.29 and 5.30). For the calculation of the <|> values, the lattice parameters of the 
(Nb,Mo)ss were needed and they were calculated using the rule of mixtures. This 
gives a  good approximation, since the lattice parameter of Nb has been found to 
change linearly both with addition of Al up to at least 20at%Al (Jorda et al., 
1980) and with addition of Mo (Pearson 1958). The lattice param eter of Al was 
calculated using an empirical equation [aA2/B2 = 3.27 - 10'3 x (1.54xat%Al +  
2.36xat%V)], which defines the lattice param eter of the A2 or B2 phase in Ti-Al- 
V alloys (Shao 1995). The calculated values of the lattice parameters where 
compared with values determined using the X-ray diffraction data and the Nelson 
and Riley extrapolation method (Cullity, 1978) and the agreement was very good. 
The lattice parameters used for the calculation of <J> are given in table 6.5.
Table 6.5 : Measured | A | values for the q-phase in the (Nb,Mo)ss of the as cast 
ingots of the ternary Mo alloys.
Composition of 
(Nb,Mo)ss in at%
Lattice Parameter 
of (Nb,Mo)ss (A)
Electron density
4> = e / V(Nb Mo)ss | A | ±0.002
Nb-16.8Al-20.4Mo 3.238 0.143 0.094 f
Nb-15.6Al-30.9Mo 3.224 0.149 0.142
Nb-16.0Al-41.4Mo 3.208 0.154 0.172
The data in table 6.5 are superimposed in figure 6.9 which presents a plot of 
the measured diffuse <o shift, | A | , vs <|>, using data in the literature (Shao et al., 
1995A). The change of | A ( with <|> for the (Nb,Mo)ss is in good agreement with 
the hypothesis of Shao et al. (1995). The higher the electron density of (Nb,Mo)ss 
the higher the value of | A | and consequently the higher the deviation of diffuse 
<o streaking from the crystalline <o positions. Therefore it is concluded that 
addition of Mo in Nb-Al solid solution, increases the electron density of the A2 
or B2 phase and consequently the deviation |A | of the diffuse <o from 
crystalline <o.
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Figure 6.9 : Measured diffuse <o shift, | A | , vs <|> = e / V(Nb Mo)ss for (Nb,Mo)ss of 
the as cast ingots together with data from literature. The data for (Nb,Mo)ss are 
represented by the open circles.
Ribbons
The microstructure of the as melt-spun ribbons of all three ternary alloys consisted 
only of the solid solution (Nb,Mo)ss whose formation is attributed to rapid 
solidification effects as for the ribbons of alloys 1 and 2. The grain size in the as 
cast ingots varied from 1 0 0  to 600 pm whereas in the ribbons it varied from less 
than 1 to 10 pm. Thus there was refinement of the microstructure because of the 
effects of rapid solidification, similar to alloys 1  and 2 .
In the as melt-spun ribbons of all ternary Mo containing alloys the diffraction 
patterns of (Nb,Mo)ss corresponded to the A2 structure (see figure 5.40). The 
(Nb,Mo)ss had almost the same composition in the as cast ingots and the as melt- 
spun ribbons of the alloys (see table 6.3). However, the (Nb,Mo)ss exhibited 
ordering in the ingots of alloys 3-2 and 3-3, but not in the ribbons of those alloys, 
indicating the important role of cooling rate on the A2-B2 ordering
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transformation. While the as melt-spun ribbons of alloy 2 exhibited the B2 
structure, the as melt-spun ribbons of all the ternary Mo containing alloys had the 
A 2  structure, even though their Al content and their thicknesses (and subsequently 
the cooling rates they experienced) were similar. These results indicate that Mo 
addition prohibits the solid state transformation of A2-*B2. It should be noted 
that the A 2-B2 transformation was also suppressed in the as cast ingot of the Nb- 
18Al-40Mo alloy, where the cooling rates were much lower (up to 102  K/see) than 
in the case of the ribbons.
After heat-treatm ent of the ribbons at 973 K for 500 h the A2 structure of the 
(Nb,Mo)ss ordered to B2 in all three Mo containing alloys and a second phase 
precipitated in the B2 matrix, which will be discussed in the following section.
6.2.4.I. Formation of <d*~phase in the ternary Nb-Al-Mo system
In the ternary Mo containing alloy ribbons annealed at 973 K for 500 h, a new 
phase was observed to form in the (Nb,Mo)ss B2 matrix. Electron diffraction 
analysis showed that the new phase was not the orthorhombic o-phase, which had 
precipitated in the annealed ribbons of alloy 2 . Another hypothesis, that this 
second phase is the <o”-phase reported by Benderesky et al. (1990), was 
investigated and rejected (see section 5.1.3.4). A  hexagonal configuration was 
assigned to the new phase with orientation relationship [T ll]B2 //[0 0 0 1 ]w* and 
( 1 1 0 )B2 //(0 lT 0 )w, where oo* is a new (o-type structure with lattice parameters 
aw* =  6 1 /2 a B 2  and cw* =  31 /2 aB2. The four variants originated by the new 
orientation relationship are :
VI [111]b2//[0001L© , (10T)B2//(10T0)w* 
V2 [T11]B2//[0001]w© , (101)B2//(10T0)W* 
V3 [lTl]B2//[0001]w*, (10T)B2//(10T0)W, 
V4 [UT]B2//[0001]w* , (101)B2//(10T0)W,
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Comparison of (D* with the disordered <o structure reported by Silcock et al. (1955) 
(<o, space group P 6 /mmm) shows that a(0 *=31 /2 a ( 0  and c(0 *=2 c(0. Therefore, the to* 
phase can be considered as an ordered <o type phase. The ordered <o structure of 
Benderesky et al. (1990) (o>”, space group PT m l) has the same c lattice param eter 
as the <o*, but the orientation relationship between <o” and B2 is the same as 
between <o and A2, i.e. [111]B2 //[0001]W.. and ( llO ^ /^ llT O )^ .,, as the atomic array 
of the <o” basal plane is the same as that of the (111) B 2  plane. The different 
orientation relationship plane pair between <o*/B2 and <d’7B2 suggests that 
ordering occurred in the (0 0 0 1 )(o, basal plane. The occurrence of atomic 
reordering in the (0 0 0 1 )^. plane suggests that in addition to the displacive 
mechanism, diffusion is also important for <o* formation. This is consistent with 
the present experimental observation that a prolonged heat-treatm ent was 
necessary for co* formation. Only diffuse o> streaking was observable in the B2 
diffraction patterns when the heating time was short (e.g. after 24 h heat- 
treatm ent of the ingots). Therefore, the decomposition of the p phase in the Nb- 
18Al-xMo ribbons heated continuously at 973 K is suggested to be :
A2 -  B2 -  B2 + <odiffuse -*B2 + <o*
The formation of diffuse <o in the B2 structure was the result of displacive 
transformation and the transformation of the diffuse <o structure to <o* was 
controlled by diffusion.
A  variety of atomic configurations has been reported for various ordered co- 
phases. Despite the variety in the atomic configurations, these ordered <o-phases 
can be classified only into two space groups, Pb^/mmc and P Tm l (Shao et al., 1995 
A). Diffraction maxima at 1/6 { 111} B 2  [see [1T0] B 2  SADPs in figures 5.42(b), 5.43(b) 
and 5.44(b)]do not belong to hexagonal ordered <o-phases since the space group 
Pb^mmc does not allow (0001)w to appear. Hence the ordered <o*-phase could 
probably be trigonal with a space group P 3m l, which allows the (0001)w 
(Benderesky et al. 1990, Shao et al. 1995 A).
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The streaking contrast of the <o* in the [Oil] patterns (see figures 5.42b, 5.43b and 
5.44 b) is due to the plate morphology of the <o*-phase, with the plate normal 
parallel to <111>B2 //<0001>W.. The plate morphology of the <o* phase is 
attributed to the low ( 1 1 1 )B2 /( 0 0 0 1 )W, interface energy, as this pair consists of the 
most compact planes of the two phases. The growth rate of the <*)* phase along 
the [0 0 0 l]w. directions is thus lower than along other directions, leading to a plate 
morphology with [0 0 0 1 ] w. as the plate normal.
The formation of the <o*-phase preceded the formation of the equilibrium A15 
structure as a transitional phase similarly to the formation of o-phase in the binary 
alloy 2 (see section 6.2.3.2). In the case of the co*-phase, again the energy barrier 
for its nucleation is lower than that for the nucleation of the A15 structure, since 
<o* is coherent with the B2 matrix and thus the values of y and AGS are lower than 
for the A15 structure (see equation 6 . 2  in section 6..2.3.2).
6.2.5. Nb-18Al-9Cr-5Ti
There is no phase equilibria data available for the quaternary Nb-Al-Cr-Ti system. 
Extensive work has been carried out on the ternary Nb-Al-Ti system [Menon et 
al., 1992, Shyue et al., 1993 A  Shyue et al., 1993 B, Hou et al.,1994]. It has been 
shown that the A15 (Nb,Ti)3Al phase precipitates out from the matrix in the Nb- 
15Al-10Ti and the Nb-15Al-25Ti heat-treated alloys (previously homogenised) at 
high temperatures (>1273 K) [Menon et al., 1992, Shyue et al., 1993 A]. Also 
Yasuda et al. (1991) have reported some preliminary work on melt-spun ribbons 
of alloys of the ternary Nb-Al-Cr and Nb-Al-Ti systems and showed that the 
microstructures of Nb-20.0Al-5.0Ti and Nb-17.6Al-8.9Cr alloy ribbons were single 
phase Nbss.
The as cast alloy 4 ingot consisted of Nbss and Nb3 Al. As in alloy 2, the 
microstructure of the ingots exhibited variation from the bottom to the top of the
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ingot (see section 5.1.4.1).
In the ribbons a two zone microstructure was formed (see section 5.1.4.2). Zone 
A  microstructure exhibited equiaxed grains of Nbss and was formed at the bottom 
of the ribbons where the highest cooling rates were experienced. Zone B 
consisted of Nbss and Nb3Al and was formed at the top of the ribbons. It is 
interesting to note that, while in the melt spun ribbons of Yasuda et al. (1991) -5 
at%  Ti or ~9 at%  Cr were in solid solution (Nb,Al)ss, in this study both -5.1 at% 
Ti and -8.4 at% Cr were in solid solution (see table 5.24) thus suggesting that 
neither element destabilizes the S/L front under RS conditions.
In alloy 4, the Nbss exhibited ordering both in the as cast ingot and the as melt- 
spun ribbons (see sections 5.1.4.1 and 5.1.4.2). It is interesting to note that the 
relative intensity of the extra spots in the SADPs of Nbss of as cast alloy 4 ingot 
was significantly higher than in the SADPs of as cast alloy 2 ingot (see figures 5.49 
and 5.7). This indicates that Cr and Ti additions favour the ordering of Nbss. 
The effect of Ti, on increasing the stability of B2, has been reported by Menon 
et al., (1992), Shyue et al., (1993) A  Shyue et al., (1993) B and Hou et al., (1994). 
On the contrary nothing has been reported on the effects of Cr or of C r+Ti on 
the ordering of Nbss.
6.3. DSC AND TG ANALYSIS
6.3.1. Preliminary assessment of the oxidation behaviour of the 
as cast alloy ingots
DSC and TGA experiments carried out under static air were performed for the 
as cast alloy ingots in order to make an initial survey of their oxidation behaviour. 
There are no DSC or TGA data available, apart from a TGA curve produced for 
a Nb-25at%Al alloy by Fujiwara et al. (1993) and shown in figure 3.10 (section
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3.4.3). The shape of the TGA curve reported by Fujiwara et al. (1993) is very 
similar to the TGA curve produced in this work for alloy 1, which is of similar 
composition (see figure 5.1). However, the weight increase rates estimated from 
the TGA curve of Fujiwara are not in agreement with the ones observed in this 
work. In the tem perature ranges 1123 K - 1623 K and 1623 K - 1773 K, their 
TG curve shows weight increase rates of 0.0142 and 0.2495 (weight % / K )  
respectively, whereas the TGA of this work shows weight increase rates of 0.0097 
and 0.0412 (see table 5.26) over the same temperature ranges. The higher weight 
increase rates of Fujiwara et al. could be attributed to the fact that their 
experiments were carried out under flowing air, in contrast to the static air used 
in this work.
The weight increase rates of alloys 3-2 and 4 were lower than those of alloy 2. In 
addition, the exothermic oxidation peaks appearing up to -1673 K  were much 
weaker in alloys 3-2 and 4 as compared to alloy 2. Thus, it is suggested that the 
addition of Mo and T i+C r led to lower oxidation rates in alloys 3-2 and 4.
Alloy 3-4 exhibited an unusual behaviour in terms of weight change, as compared 
to the other alloys. Although its weight started increasing at around 973 K, a 
weight decrease was observed from -1273 K to 1623 K. Kodash et al. (1990), in 
their study of the oxidation behaviour of aluminosilicides, studied as a reference 
material, among others, Mo 3 Al. Their TGA experiment of Mo 3 A1, carried out 
under air at a heating rate of 15 °C/min, revealed that oxidation occurred in 
several stages. In the first stage there was a weight increase with a sharp increase 
in rate in the range 873 K - 1073 K. X-ray diffraction of the oxidation products 
of this stage revealed the presence of Al2 (M o0 4 ) 3  in the scale. The second stage 
of the oxidation was accompanied by a sharp decrease in weight in the 
temperature range of 1073 K - 1273 K and X-ray diffraction showed 
decomposition of Al2 (M o0 4 ) 3  into A12 0 3  and MoOs. The decrease in mass was 
due to the volatilization of M o 0 3. It should be noted that volatilization of M o 0 3  
occurs above 1073 K in molybdenum disilicide (MoSi2) and in molybdenum
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aluminosilicides. Therefore, the weight loss exhibited by alloy 3-4 could be 
attributed to volatilization of M 0 O 3 .
All alloys exhibited sharp endothermic peaks at around 1673 K which correspond 
to melting reactions. M eier (1989) has reported that Nb 2 0 5  and A12 0 3  form a 
eutectic at 1673 K. Thus, the endothermic peaks may correspond to the melting 
of a eutectic mixture formed between Nb 2 Os and Al2 Os. Regarding the origins 
of the two oxides, the Nb2 0 5  was formed as an oxidation product of the alloy 
(Svedberg 1976) and A12 0 3, besides being an oxidation product, it was also the 
material of the crucible used for the TGA/DSC experiments. Indeed, after the 
TGA/DSC experiments, severe reaction was observed between the specimens of 
all alloys and the crucible.
To conclude, although alloys 3-2 and 4 exhibited lower weight gain rates as 
compared to alloy 2 , no protective oxide scale was formed on any of the alloys 
studied. Therefore, for the application of these alloys in oxidising environments, 
oxidation-protective coatings will have to be used.
6.3.2. DSC and phase transformations
For the as cast ingots and the as melt-spun ribbons, DSC/TGA experiments were 
carried out under Ar flow, in order to minimize oxidation of the alloys and thus 
reveal peaks of phase transformations (see section 4.2.6). However, a weight 
increase was observed in the ingots and the ribbons indicating that, even under 
A r flow, oxidation of the alloys could not be prevented.
The main feature of all the DSC curves was a broad endothermic peak at around 
1273 K. This peak was attributed to the precipitation of the A15 phase (Nb 3 Al) 
from the Nbss. As mentioned previously (section 6.2), both the microstructures
Chapter 6 Discussion
of the as cast ingots and the as melt-spun ribbons were not in equilibrium and by 
heat-treating the alloys the Nbss broke-up and the A15 structure precipitated. 
From a thermodynamic point of view, the precipitation of second phase/s, and 
consequently the approach to equilibrium, should occur even at temperatures 
lower than 1273 K. However, experimental results from ingots annealed at 1073 
K and 1273 K for 24 h, showed that the kinetics of the Nbss-+Nbss+Nb3Al 
transformation are sluggish and that appreciable precipitation occurred only after 
heat-treatm ent at 1273 K.
No DSC peak was observed at around 973 K, where the precipitation of o-phase 
and <o*-phase occurred in the ribbons of alloy 2 and the ternary Mo containing 
alloys respectively. These phases precipitated after very long annealing times (500 
h) and should not be expected to be detected by the DSC experiments, carried 
out at a heating rate of 20°C/min.
6.4. MICROHARDNESS AND HARDNESS
Yang and Vasudevan (1993) have reported the microhardness of Nbss as a 
function of Al content. Their results are summarised in table 6 .6 , where the 
microhardness of pure Nb is also given [Lundin and Yamamoto, 1966]. The data 
in table 6 . 6  are also plotted in figure 6.10. Linear regression analysis of the data 
shows that the microhardness of Nbss can be described by the function :
a =  101 +  16.6 x b (63)
where a is the microhardness of Nbss in kgmm ' 2  and b is the Al content of Nbss 
in at%. Equation (6.3) shows that Al addition in solid solution increases the 
hardness of Nbss by -  16.6 kgmm ' 2  /  at% Al.
- 181 -
Chapter 6 Discussion
Table 6.6 : Microhardness data for Nbss.
Reference
Al content of Nbss 
(at%)
Yickers Microhardness 
( kgmm*2)
Lundin and Yamamoto 
(1966) 0 1 0 0
Yang and Vasudevan 
(1993)
1 0 259
13 337
16 354
Microhardness of Nbss 
Nb-xat%AI
at% A l
Figure 6.10 : Graphical presentation of microhardness of Nbss as a function of Al 
content.
The Al concentrations of the (Nb,Mo)ss in the three ternary alloys containing Mo 
are similar (see table 6.3) with an average content of 16.1 at% Al. Using
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equation (6.3) the microhardness of Nbss with 16.1 at%  Al is calculated as 
~ 368 kgmm'2. Table 6.7 lists the microhardness of (Nb,Mo)ss with constant Al 
content of 16.1 at%  and different Mo concentrations. The data of table 6.7 are 
also plotted in figure 6.11. Linear regression analysis of the data shows that the 
microhardness of (Nb,Mo)ss can be described by :
c =  366 + 4.2 x d (6.4)
where c is the microhardness of (Nb,Mo)ss in kgmm 2  and d is the Mo content of 
Nbss in at%. Equation (6.4) shows that Mo addition in solid solution increases 
the hardness of the binaiy (16.1 at%  Al) Nbss by -  4.2 kgmm ' 2  /  at% Mo.
Table 6.7 : Microhardness data for (Nb,Mo)ss (with 16.1 at%  Al).
Mo content 
(at%)
Vickers Microhardness 
(kgmm*2)
0 373
20.4 436
30.9 522
41.4 529
From the results of Yang and Vasudevan (1993) an increase in the microhardness 
of (Nb,Al)ss of -16.6 kgmm'2 /at%Al is expected. This gives a microhardness of 
-354 kgmm ' 2  for the Nbss with 15.3at%Al. The microhardness value of Nbss in 
the as cast ingot (305 ±21 kgmm'2, see table 5.29) is in good agreement within 
error of measurement. In addition a further increase in microhardness of (Nb-
16.1 at%Al)ss by -  4.2 kgmm-2/at%Mo, was estimated. These results confirm 
that both Al and Mo have a solid solution strengthening effect. Yang and 
Vasudevan (1993) attributed the Al strengthening effect mainly to differences in 
elastic moduli and electronic effects rather than to atomic size differences.
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Figure 6.11 : Graphical presentation of microhardness of Nbss (16.1 at% Al) as 
a function of Mo content.
Yang and Vasudevan (1993) also suggested that ordering contributes to the 
strengthening of the solid solution but this contribution was not expected to be 
large. The microhardness of Nbss in the ingots of alloys 2, 3-2 and 3-4 heat- 
treated at 1073 K was higher than in the as cast ingots (see section 5.3.1) even 
though the compositions of the solid solutions were similar in the as cast and the 
heat-treated ingots (see tables 6.2 and 6.3). Nbss exhibited ordering both in the 
as cast ingots and the heat-treated ingots of alloys 2 and 3-2. However, 
microstructural studies by TEM  showed that in the as cast ingots of alloys 2 and 
3-2 the Nbss consisted of nano-scale B2 domains within a disordered A2 matrix 
(see sections 5.1.2.1 and 5.1.3.1). In contrast, the Nbss in the ingots of alloys 2 
and 3-2 heat-treated at 1073 K for 24 h exhibited a fully ordered B2 structure 
revealed by the presence of antiphase domain boundaries (APBs) (see figures 5.14 
and 5.38). Furthermore the Nbss in alloy 3-4 was disordered in the as cast ingot 
and exhibited ordering after heat-treatm ent at 1073 K for 24 h. Therefore, the 
increase of the microhardness of the Nbss after heat-treatment of the ingots of 
alloys 2, 3-2 and 3-4 at 1073 K for 24 h is attributed to ordering effects.
Microhardness of (Nb,Mo)ss 
Nb-16.1at% Al-xat% M o
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Some solid solution strengthening by Mo in Nb3Al (~ 3.3 kgmm"2 /at%M o) is also 
evident from the data in table 5.29. Also Cr and Ti have a solid solution 
strengthening effect.
The hardness of the as cast alloys reflects a strong effect of the harder A15 phase 
with the hardness of Nb-16.6A1 (429 kgmm*2) being in good agreement with that 
calculated from the rule of mixtures for 30% of Nb3Al (427 kgmm*2). The 
hardness of the ternary alloys was slightly higher than the microhardness of the 
(Mo,Nb)ss and is attributed to the very low fraction of (Nb,Mo)3Al in the as cast 
microstructure. In contrast, the hardness of alloy 4, which is slightly lower than 
the microhardness of Nb3 Al, is attributed to the high fraction of Nb3Al in the as 
cast microstructure.
The hardness of the ingots heat-treated at 1473 K for 24 h was higher than that 
of the as cast ingots for alloys 2, 3-2 and 3-4 (see section 5.3.2.1). This is 
attributed to the change of the microstructure and the extensive precipitation of 
the harder Nb3Al phase after heat-treatm ent at 1473 k for 24 h (see figures 5.10, 
5.33 and 5.35).
The hardness values of the as melt-spun ribbons of alloys 2, 3-2, 3-4 and 4 are 
slightly higher than the microhardness values of the Nbss of their as cast ingots. 
This is expected since, due to the limitations in hardness measurement (see 
section 5.3.2.2), the indents were mainly created in the middle of the ribbons, 
where the microstructure consisted mainly of Nbss. The slight difference 
(increase) could be attributed to the effect of the grain boundaries and to the fact 
that the Nbss is richer in solutes (Al, Mo, Cr and Ti) in the ribbons than in the 
ingots. However, when the standard deviation of the microhardness and hardness 
values is taken into account, the above difference is eliminated and the hardness 
of the ribbons should be considered similar to the microhardness of the Nbss in 
the ingots.
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CHAPTER 7
CONCLUSIONS AND SUGGESTIONS 
FOR FUTURE WORK
7.1. CONCLUSIONS
The objectives of the research as outlined in the introduction have been 
achieved. The following major conclusions are derived from the research 
presented in the thesis.
- Nb3Al base alloys ( “25 at% Al or 18 at% Al) with addition of Mo and Cr +  Ti 
have been produced in ingot and ribbon form using cold hearth clean melting and 
chill block melt overflow. Low levels of interstitials ( 0 2 , H 2) have been achieved 
in all alloys. Al evaporation during cold hearth melting and casting hindered the 
accurate control of alloy composition.
• Rapid solidification refined the microstructure by approximately two orders of 
magnitude. Suppression of Nb3Al and Nb2Al formation has been achieved by RS 
processing in Nb-25A1. Nb3Al formation has been suppressed by RS in Nb-18A1, 
Nb-18Al-20Mo, Nb-18Al-30Mo, Nb-18Al-40Mo and Nb-18Al-9Cr-5Ti. The 
A 2-B2 ordering transformation was suppressed by RS in Nb-18Al-20Mo, Nb- 
18Al-30Mo and Nb-18Al-40Mo alloys.
■ The room temperature solid solubility of Al in Nb has been extended from ~ 6  
at% to ~25 at% by chill block melt overflow. Zone A and B microstructures
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have been observed in Nb-25A1, Nb-18A1 and Nb-18Al-9Cr-5Ti. While previous 
research has shown that up to 5 at%  Ti or 9 at% Cr can be retained in solid 
solution in Nb-18A1, this research has shown that up to 5.1at% Ti +  8.4 at%  Cr 
can be retained in solid solution.
• A2 transforms to B2 by solid state transformation in Nb-18A1 and Nb-18Al-xMo 
(x =  20, 30, 40). Al promotes p phase ordering in Nb-rich alloys of the Nb-Al 
system. The experimental results confirmed the thermodynamic modelling which 
predicts that A 2-B2 ordering occurs in Nb-Al alloys with more than 5 at% Al. 
The intensities of the superlattice spots in electron diffraction patterns of the B2 
structure have been explained by the sublattice occupancies derived by a 
thermodynamic model for A2-+B2 ordering.
■ The phase transformation sequence in the Nb-18A1 ingot during solidification 
is L  -  L+P(A 2) -  L+P(A 2)+A 15-p -  P(A2+B2)+A15-p+A15-s -  
P(A2+B2)+A15-p+A15-s+<odiffuse where A15-p and A15-s correspond to the 
Nb3Al phase which formed by the peritectic reaction and during solid state 
transformation respectively.
■ Formation of an o-phase was observed for the first time in the binary Nb-Al 
system. The decomposition of the p phase in the Nb-18A1 ribbons is suggested 
to be A2 -  A2+B2 +<odiffuse-* B2+<odiffuse+o. Formation of the o-phase as a 
transition phase in the transformation B2->o-*A15 was attributed to the lower 
nucleation barrier for the precipitation of the o-phase than for the equilibrium 
phase of A15 structure.
« Formation of <odiffuse in the p phase [Nbss, (Nb,Mo)ss] supports a previous 
hypothesis that addition of Al to transition metal elements such as V, Nb and Mo 
can enhance formation of the <o phase in the p phase.
« Mo addition inhibited the A 2-B 2 ordering of the p phase. The A2-B2
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transformation was suppressed in the as melt spun ribbons of all the alloys 
containing Mo and in the as cast ingot of Nb-18Al-40Mo. In contrast, the results 
indicated that Ti and Cr additions favour the ordering of Nbss.
■ The experimental results for the Mo containing alloys suggest that the 
calculation of the Nb-Al-Mo phase diagram should be reconsidered.
■ Addition of Mo in the Nb-Al solid solution increases the electron density of the 
A2 or B2 phase and consequently the deviation | A | of the <odiffuse from crystalline 
(0 .
■ (o* is a new ternary <o-type phase, which formes as a transition phase in the 
transformation B2-A15 in the Nb-18Al-xMo (x = 20, 30, 40) alloys. The 
orientation relationship of <o* is [T ll]B2 //[0 0 0 1 ]u. and ( 1 1 0 )B2 //(0 lT 0 )UJ* and the 
lattice parameters are aw* = 6 1 /2 aB 2  and cw* = 31 /2 aB2. Its formation was 
attributed, as in the case of the binary o-phase, to the lower nucleation barrier for 
its precipitation as compared to the equilibrium A15 structure. The 
decomposition of the p phase in the Nb-18Al-xMo ribbons is suggested to be A2 
-*• B2 -  B2+ <odiffuse -*• B2+<o*. While o-phase is formed in the Nb-18A1 and many 
alloys in the Nb-Al-Ti system (Benderesky et al. 1991, Hou et al. 1994) the results 
of this work show that the o-phase does not form in Nb-18Al-xMo (x = 20, 30, 
40).
■ Al addition in Nbss increased its microhardness by ^16.6 kgmm'2 /at% Al and 
Mo addition hardened the Nbss (16.1 at% Al) by ~4.2 kgmm'2/ at% Mo.
■ Regarding the oxidation behaviour of the alloys, Nb-18Al-20Mo and Nb-18A1- 
9Cr-5Ti alloys exhibited lower weight gain rates as compared to Nb-18A1. No 
protective oxide scale was formed on any of the alloys studied in this work. 
Therefore, oxidation-protective coatings will have to be used for the application 
of these alloys in oxidising environments.
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7.2. FUTURE WORK
In the previous chapters several areas have been discussed, evaluating the effects 
of equilibrium and non-equilibrium processing and of alloying additions on the 
microstructures and phase transformations of Nb3Al based alloys. Phase selection, 
solidification microstructures and phase transformations have been studied to 
some extent. In this section suggestions for future work are made to advance 
further the achievements of this study.
• In this work it was shown that an o-phase precipitated in the Nbss after 
annealing of the Nb-18A1 ribbons at 973 K for 500 h. The o-phase was also 
observed in Nb-15Al-10Ti alloy after similar heat-treatment of the supersaturated 
Nbss (see section 3.2.2.3). However in the Ti containing alloy the o-phase 
redissolved after subsequent heat-treatm ent at 1373 K for 50 h and at its expense 
the A15 phase formed. Further research is required to determine the stability of 
the o-phase in the binary Nb-18A1. The stability of the <o*-phase formed in Nb- 
18Al-xMo alloys should be also investigated.
■ As discussed in section 6.2.3, there are discrepancies between the experimental 
results of this study and the calculated Nb-Al-Mo phase diagram. It is suggested 
that a new calculation of the phase diagram should be considered where the new 
experimental data should be used for optimisation.
■ The space group of the to* structure was not determined because of the small 
size of the precipitates. Coarsening of the precipitates should be considered to 
allow the use of convergent beam techniques to determine the <o* space group.
■ Due to time limitations the study of phase transformations in the quaternary 
Nb-18Al-9Cr-5Ti alloy was not extended as for the rest of the alloys. The
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decomposition of the Nbss present in the as melt spun ribbons should be 
investigated to establish whether precipitation of o, <o or <o* type phases occurs in 
the quaternary alloys.
- The oxidation assessment of the alloys carried out in this work is a preliminary 
survey of their oxidation behaviour. Further investigation is needed, especially for 
the Nb-18Al-20Mo and Nb-18Al-9Cr-5Ti alloys, whose oxidation behaviour 
appeared to be improved as compared to the binary Nb-18A1 alloy.
- The mechanical properties of the alloys should also be investigated as these 
alloys are promising for high temperature applications.
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